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A better understanding of how the nanoscale environment affects the mechanical 
properties of materials, in particular metallic nanoparticles and nanocrystalline metals is 
vital to the development of next generation materials.  Of special interest is obtaining a 
fundamental understanding of the inverse Hall-Petch Effect in nanocrystalline metals, 
and nanoindentation in individual nanoparticles. Understanding these subjects is critical 
to understanding how the mechanical properties of materials are fundamentally affected 
by nanoscale dimensions.    
These topics have been addressed by a combination of theoretical modeling and 
in-situ nanoindentation transmission electron microscopy (TEM) analysis.  Specifically, 
the study of the inverse Hall-Petch effect in nanocrystalline metals will be investigated by 
a thorough review of the literature followed by a proposed novel theoretical model that 
better explains the experimentally observed behavior of nanocrystalline metals. On the 
other hand, the nanoindentation of individual nanoparticles is a very new research topic 
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that has yet to aggregate a large body of experimental data. In this context, in-situ TEM 
nanoindentation experiments on silver nanoparticles will be first performed to determine 
the mechanisms of deformation in these nanostructures. A theoretical explanation for the 
observed deformation mechanisms will be then developed and its implications will be 
discussed.  In addition to nanoparticles, this study will also provide unique and valuable 
insight into the deformation mechanisms of nanopillars,  a growing area of research 
despite much controversy and speculation about their actual mechanisms of deformation.  
After studying the novel behavior of both nanocrystalline metals and 
nanoparticles, useful applications of both classes of materials will be explord.  The 
discussion of applications will focus on utilizing the interesting behaviors explord in the 
dissertation.  Of particular interest will be applications of nanoparticles and 
nanocrystalline materials to coatings, radiation resistance and super-plastic m terials. 
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Innovations in materials processing and characterization techniques hav  led to 
the development of a novel class of materials called nanomaterials; m terials with 
characteristic lengths on the order of nanometers.  Different kinds of nanomaterials are 
currently being investigated for use in a wide range of applications, from fuel cells to 
drug delivery.  To properly understand and appreciate the diversity of nanomaterials, 
some form of categorization is required.  Currently, the most common way to classify 
nanomaterials is to identify them according to their dimensions.  Nanomaterials can be 
then classified as a) Zero-dimensional (0-D), b) One-dimensional (1-D), c) Two-
dimensional (2-D) and d) Three-dimensional (3-D). This classification system is based on 
the number of dimensions which are not confined to the nanoscale (1-100 nm).  The most 
common 0-D nanomaterials are nanoparticles.  Nanowires, nanopillars, n notubes, 
nanorods are all 1-D nanomaterials. 2-D and 3-D nanomaterials are omewhat more 
difficult to classify.  For this dissertation, 2-D and 3-D nanomateri ls will be defined as 
solids with macroscopic dimensions in two and three dimensions, respectively, but 
exhibiting a nanocrystalline grain structure.  
While there are still many unanswered questions in the field of nanom terials, it is 
clear that reducing the characteristic length of materials to the nanoscale has a significant 
impact on a material’s behavior and properties. Of particular inte es  to this work is the 
effect of nanoscale dimensions on the mechanical behavior of materials, as well as how 
nanoscale dimensions influence the nucleation and motion of crystalline defects. Due to 
the scope of this dissertation, it is convenient to organize the nanomaterials into two 
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groups.  One group contains the 0-D and 1-D nanomaterials; the other contains the 2-D 
and 3-D nanomaterials.  This distinction is convenient because in 0-D and 1-D materials, 
the free surfaces can be expected to dominate the mechanical properties, while for 2-D 
and 3-D nanomaterials the deformation will be greatly influenced by the large amount of 
grain boundaries. 
In the case of 0-D and 1-D nanomaterials it has been shown that there is a 
conspicuous lack of dislocations, regardless of the materials processing hi tory, even 
after significant deformation and radiation damage [1-5].  However an abu dance of 
twins seems to exist, even in materials with high stacking fault energies (SFE) [6].  
Because of these observations, it has been suggested that either dislocations cannot exist 
in nanoparticles, or that dislocations are unstable in nanoparticles.  Additionally, much 
has been said about the nucleation of deformation twins [7-9] in 3-D nanomaterials, but 
very little work has been done on mechanical twinning in isolated nanoparticles.  
Another interesting phenomenon observed in 0-D and 1-D nanomaterials occur  
during mechanical compression testing of metals.  In the case of 0-D nanomaterials, no 
compression experiments, to the author’s knowledge, have been performed at the
nanoscale. The experiment that has been the closest to the nanoscale was n in-situ TEM 
compression of ~200 nm Si particles [10].  However, the particles tested were too large to 
extract relevant information for the nanoscale and the mechanical deformation of Si is 
also expected to be different from that of metals. In the case of 1-D metallic materials, 
ranging in diameter from hundreds of nanometers to several micrometers, several 
compression experiments have been conducted in-situ, typically in an SEM, although 
several in-situ TEM experiments have been also carried out [11-15].  As the pillar s ze 
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was decreased, the pillars exhibited increased strength.  Additionally, dislocation slip 
bands could clearly be seen.  Attempts to model and understand the mechanisms of 
deformation in these pillar nanocompression experiments have been made [16-19]. 
However, it has been difficult to experimentally validate these models due to the 
limitations of scanning electron microscopy.  In fact, even the past in-situ TEM 
defromation experiments were unable to reveal details about the exact mechanisms of 
deformation, such as dislocation nucleation sites, because large sample sizes and fixed 
strain rates caused dislocations to move too rapidly to be easily monitored. 
To address these aforementioned issues in 0-D and 1-D nanomaterials, his 
dissertation will first propose two models; one to explain the absence of perfect 
dislocations and the other to explain the presence of twins in 0-D and 1-D nanostructured 
metals. In addition, this dissertation will show how the model on the absence of 
dislocations can be applied to nanopillar compression experiments. This in turn will 
provide the first insights into the mechanical properties of metallic nanoparticles and it 
will help explain the enhanced strength of nanopillars. 
In 2-D and 3-D materials, the issues are quite different from 0-D and 1-D 
nanomaterials. Many in-situ TEM deformation experiments have been performed [20-
26]. The results show a far smaller numbers of mobile dislocations in nanomaterials when 
compared with conventional materials [20-23]. It is often claimed that the number of 
dislocations insufficient to accommodate the applied plastic deformati n.  Another 
persistent controversy concerning 2-D and 3-D nanomaterials has been the study of their 
yield strength.  In particular, one would expect the yield streng h to increase with smaller 
grain sizes, according to the empirical Hall-Petch equation [27, 28]. However, at very 
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small grain sizes, this equation breaks down. This is expected at extrem ly small grain 
sizes where grains would be unable to support any dislocation pile-ups, but significant 
reductions in yield strength have been seen before this point.  As shown experimentally 
in several systems such as copper [29-47], palladium and nickel [44-50,] the Hall-Petch 
slope is reduced or becomes negative below a certain grain size [29-33, 50-61, 55, 56].  
This behavior is known as the inverse Hall-Petch Effect (IHPE). A large body of work 
has been done examining this problem, including mechanical testing [29-56], in-situ 
TEM analysis [20-26] and both analytical and computation theoretical modeling [57-78]. 
Despite the significant amount of work, there is very little agreement about the 
mechanisms associated with the IHPE in nanocrystalline materials.  In this regard, the 
question of what causes the IHPE will be addressed in detail in this work, and the 





1.2 OBJECTIVES AND MAIN CONTRIBUTIONS 
 
1.2.1 Objectives  
To address the aforementioned issues and develop a more complete understanding 
of the mechanical behavior of nanomaterials, as well as an understanding of the 
nucleation and motion of defects, particularly dislocations, the objectives of this 
dissertation are: 1) To model and understand the stability of dislocations and the presence 
of twins in 0-D nanomaterials. We expect the results to be applicable to 1-D 
nanomaterials also. 2) To model and understand the inverse Hall-Petch effe t in 
nanocrystalline materials. 3) To perform in-situ nanoindentation TEM experiments in 
nanoparticles and image the response using both diffraction contrast and ph se contrast 
techniques. These experiments will be used to test the models developed for 0-D 
nanomaterials and identify the role of dislocations in the deformation of individual 
nanoparticles. 
 
1.2.2 Main Contributions 
 The main contributions of this dissertation are as follows: 
 
1. Development of a model explaining dislocation instability in 0-D and 1-D 
nanomaterials.  While previous models have attempted to explain dislocation 
instability in nanostructures based on the image stress alone [1], the model 
presented in this dissertation considers additional interactions between the free 
surface and the dislocations.  The model shows why dislocations are absent from 
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0-D and 1-D nanomaterials and how dislocations may form in these 
nanostructures.  
 
2. Development of a model explaining the formation of stacking faults and possible 
twins in 0-D and 1-D face centered cubic, FCC, nanomaterials exhibiting a wide 
range of SF energies.  The model considers changes in the Gibbs free energy of 
formation for perfect and partial dislocation half-loops forming in naoscale 
volumes.  The model shows that at the nanoscale the Gibbs free energy of 
nucleation for partial dislocations is lowered considerably, especially in the case 
of high SFE materials such as Al.  This provides an explanation for the anomalous 
presence of stacking fault and twins in nanostructured materials with high SFEs. 
 
3. In-situ TEM nanoindentation of Ag nanoparticles and imaging the response in 
both diffraction contrast and phase contrast modes. In the later case, the 
experiments are carried out in both aberration-corrected and uncorrected TEMs. 
To the best knowledge of the author, the nanoparticles compressed in these 
experiments are the smallest nanoparticles ever compressed in- itu in a TEM.  
The results of these experiments show that dislocations can exist in nanoparticles, 
if significant strains are applied, while dislocations are eject d if the strain is 
removed. The phase contrast nanocompression experiments presented in this 
dissertation are the first in-situ TEM nanocompression experiments that show 
well resolved dislocations.  Also, the small size of the particles tested and the well 




4. Development of a model explaining the inverse Hall-Petch effect in 
nanocrystalline metals.  The model explains the deviations from the classical 
Hall-Petch effect using a combined dislocation/diffusion approach.  The model 
predicts that the IHPE is less active in FCC materials with high bond energies 
(such as nickel). Additionally, the model predicts a significant strain rate and 








1.3 ORGANIZATION OF THE DISSERTATION 
 
In chapter 2, the current state of understanding of defects and deformation in 
nanomaterials is presented.  The chapter starts by discussing the early work on 
nanoparticles, the yield strength of whiskers and the classical Hall-Petch effect.   
Subsequently, the chapter will focus on the current research related wi h defects and 
deformation in nanomaterials.  The discussion is divided in two parts, namely 1) defects 
and deformation in 0-D and 1-D nanomaterials, and 2) defects and deformation in 2-D 
and 3-D nanomaterials.  
Chapter 3 presents the models developed by the author on defects and 
deformation in 0-D and 1-D nanomaterials.  This includes a model on the dislocation 
instability in 0-D and 1-D nanomaterials and a model on the Gibbs free energy of 
nucleation of perfect and partial dislocations in 0-D and 1-D nanomaterials.  
Additionally, this chapter also presents the in-situ TEM nanoindentation experiments 
performed on Ag nanoparticles.  The experimental procedure, experimental equipment 
and experimental results are all discussed.   
Chapter 4 discusses the Inverse-Hall-Petch model developed by the author for 2-
D and 3-D nanomaterials, as well as a discussion on the results and implications of the 
model.  Chapter 5 highlights the major findings of this dissertation and provides 






















The study of size effects on the mechanical deformation of materials is a well 
established area of investigation with an extensive history.  Though the fabrication of 0-D 
nanomaterials is often seen as a recent development in materials science, the study of 
nanoparticles has been conducted for a surprisingly long time.  An early reference on the 
subject, dating back to one of the earliest observations of nanoparticles with a TEM 
contains nine different physical and chemical techniques for synthesizing nanoparticles, 
as well as studies on their size distributions [78].  This work, published in 1951, confirms 
that nanoparticles have been fabricated and studied for over fifty years.  In fact, the 
chemistry of producing nanoparticles in solution (colloidal science), was quite advanced 
by the 1950s.  However, physical scientists were unsatisfied with some aspects of 
nanoparticles generated via colloidal methods.  In particular, they were looking for 
particles that were separated from one another both physically and electrically so they 
could study quantum confinement effects in actual materials [79].   To this end, a new 
technique for nanoparticle production was developed called inert gas condensation.  This 
method had several advantages over older chemical methods, including higher yields, as 
well as the production of physically and chemically isolated particles.  In many ways, the 
inert gas condensation technique ignited a large interest in 0-D nanomaterials. However, 
until this dissertation, no experiments had been done to study size effects on the 
mechanical properties of nanoparticles largely due to difficulties in instrumentation.   
On the contrary, size effects on the mechanical properties of 1-D nanomaterials 
have been well studied. The precursor for these investigations was the study of metallic 
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whiskers (wires with diameters of a few microns or less) starting around 1950.  Since the 
first deformation experiments on whiskers, there has been a considerable interest in their 
behavior due to their increased resistance to yielding and fracture compared to 
conventional bulk form materials.  In one of the first experiments, a Sn filament with a 
diameter of ~1.8µm was strained with a manipulator inside a SEM while images were 
captured in-situ [80]. A very high resistance to plastic deformation was reported, which 
led to a significant interest in the mechanical properties of whiskers [81]. Tension 
experiments on various metallic whiskers uniformly showed increasing yield and failure 
stresses with decreasing whisker size [81].  In the case of metallic whiskers, the ultimate 
tensile strength was found to be proportional to d-0.6, where d is diameter of the whisker. 
The increased yield strength was attributed to an initial lack of dislocation defects, which 
could greatly increase the amount of stress required to generate new dislocations.  
In many ways, the study of the mechanical properties of metallic whiskers set the 
precedent for the study of many modern nanostructures.  Perhaps the most important 
aspect of the studies on metallic whiskers to this dissertation is that it has inspired the 
modern study of compression in focused ion beam (FIB)-machined micro and 
nanopillars.  This technique offers several advantages, and a few disadvantages, when 
compared to the tension experiments of whiskers.  Its largest advantage is that it is done 
in-situ in a SEM.  However, compression tests are somewhat more difficult to interpret 
than tension tests.   
Finally, with respect to 2-D and 3-D nanomaterials, the origins of interest started 
in the early 20th century, when Hall and Petch [27, 28] discovered an empirical 
relationship between the yield strength of a metal and its grain size.  There were several 
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unsuccessful attempts to theoretically model this behavior, until what is now known as 
the Hall-Petch effect was formulated independently by E.O Hall [27] and N.J Petch [28].   
The explanation of the classical Hall-Petch effect (CHPE) was a major 
development in the history of metallurgy and dislocation theory.  In Hall and Petch’s 
classic papers, the authors discussed how dislocations can carry deformation across grain 
boundaries. The idea was that a pile-up of dislocations could form at a gr in boundary 
and that the additional stress on the leading dislocation of the pile-up could help initiate 
slip in an adjacent grain. Additionally, as larger grains could accomm date larger 
dislocation pile-ups, higher stresses would be present on the leading dislocation.  Thus, 
for larger grains, the higher stress at the leading dislocation would lower the applied 
stress required to activate slip in adjacent grains.  Because the pile-up length is based on 
grain size, and the stress on the leading dislocation depends on the number of dislocations 
in the pile-up, a lower stress is needed to transfer slip between grains in coarser-grained 
materials. This means that materials with large grains are weaker.  The converse is also 
true, i.e., small grains cannot support large dislocation pile-ups, which leads to less slip 
transfer to adjacent grains. In other words, a higher applied stress is required to promote 
deformation in finer grained materials, which leads to higher strengths. 
Following the Hall-Petch model, a simple extrapolation predicts that extremely 
high yield strengths should be possible for very small grain sizes.  This prediction has 
lead researchers to produce materials with finer and finer grain sizes in an effort to 
achieve high strengths.  Interestingly, the production of 2-D and 3-D nanomaterials was 
initiated by the inert gas condensation method [29].  Mechanical specimens were made 
with compacted powder, allowing some of the first tests on 3-D nanomaterials.  However, 
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it was not until fairly recently that materials processing technology has been able to 





2.2 DEFECTS AND DEFORMATION IN NANOPARTICLES 
 
While there has been extensive work done examining defects in nanoparticles, 
especially twins, an experimental and theoretical understanding of deformation in 
metallic nanoparticles is very limited.  It is unclear how the unique defect behavior of 
nanoparticles contributes to their deformation behavior, and vice-versa. 
Planar defects were among the first defects to be studied in nanoparticles [82].  
Starting in the later 1960s, TEM studies examining the structure of nanoparticle have 
showed interesting results.  Namely, very regular highly twinned anoparticles were 
observed [82].  These were dubbed multiply twinned particles (MTPs) and became the 
subject of a considerable amount of interest [82-89].   The original observation of MTPs 
was done by Ino and coworkers [82, 83].  The authors detected anomalous diffraction 
patterns in particles that were grown epitaxially on NaCl and KCl substrate .  The authors 
observed 12 (111) spots in a single diffraction pattern, far more than could exist in a zone 
axis pattern for a single crystal.  When dark field imaging was done using these (111) 
spots, the authors observed that only some sections of the crystal lit up for each dark field 
image, indicating that the nanoparticle was not a single crystal.  To explain this 
observation, Ino and coworkers assembled structural models with multiple tetrahedral 
units with well defined twin relationships to one another to form decahedr l and 
icosahedral nanoparticles.   
These results were elaborated on by Yagi et al. [84], Marks et al. [85], and 
Johnson [86].  Yagi et al. grew gold nanoparticles on an MgO substrate in-situ in the 
TEM.  They reported the formation of multiply twinned particles, especially at small 
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sizes.  The authors saw that MTPs were not formed by the agglomeration of multiple 
particles.  Additionally, the authors observed nanoparticles that originally did not have 
twins transform into MTPs during particle growth.  Marks et al. [85] conducted a phase 
contrast TEM examination of MTPs.  This analysis did not reveal any new information 
about the twin defects themselves but they did observe dislocations in the MTPs.  This is 
surprising, because dislocations are not typically seen in nanoparticles hat are not 
multiply twinned. A more modern experiment was done by Johnson et al. [86].  The 
authors used phase contrast aberration corrected TEM of a decahedral MTP with 
geometrical phase analysis to attempt to assess the validity of the disclination model for 
decahedral MTPs.  The geometrical phase analysis was highly successful at determining 
the rotations of the twinned crystal, but had more difficulty determining the strain.  
However, the authors showed that almost all of the ~7° gap in rotation could be 
accounted for by the geometrical phase analysis, supporting a disclination model. 
In addition to these microscopy studies, various analytical models have been 
developed to help understand twins and MTPs.  The geometry of MTPs is discu sed by 
Yang and Yang et al. [87, 88].  In particular; the authors address the fact that it is not 
possible to make decahedra or icosahedra from unstrained FCC tetrahedra.  The authors 
discuss the necessary distortions that a perfect material would have to undergo to become 
a MTP.  Based on this analysis, they also predict diffraction patterns, bright field and 
dark field TEM images for MTPs.  The strain inside MTPs is further discussed by Howe 
et al. [89, 90].  
Aside from the case of MTPs, there have been other studies on the behavior of 
defects in nanoparticles.  For instance, nanoparticles were subjcted to radiation by 
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energized particles and observed, either in-situ or ex-situ by TEM, to examine the defects 
structures that were generated.  Nanoparticles were damaged by high energy ions in-situ 
in a TEM as reported by Ohtsuka et al. [91].  In this article, the authors irradiated Au 
nanoparticles with 35 keV ions.  Bubble formation was seen, but no dislocations were 
reported.  The lack of observation of dislocations could potentially be because of poor 
imaging conditions. 
Gryaznov et al. developed a model to explain the lack of dislocations in single 
crystal nanoparticles that are observed after deformation or irradiation [1].  The authors 
consider a dislocation loop in the center of a spherical nanoparticle, and the effect of 
image stresses on this loop.  In this way they calculate the minimum nanoparticle size 
that dislocations would be expected in.  The method used by the authors is sound, but 
does not address all the possible interactions a dislocation can have with a surface.   
While there have been several studies into the deformation behavior of 
nanoparticles, understanding of the deformation behavior of nanoparticles is still in its 
infancy.  Nowak et al. performed an experiment were a Si nano/submicron particle that 
was compressed until fracture [92].  The particle was reported to be 216nm in diameter 
with an amorphous surface oxide of 5.4nm.  The authors claimed the presence of bend 
contours during the deformation process, but no effort was taken to analyze the properties 
of the bend contours.  It is possible that the contrast attributed to thebend contour in was 
actually caused by another diffraction contrast effect.  The authors report that the particle 
was deformed to a 13% engineering strain, which is implausibly high.  In addition, plastic 
deformation mechanisms were not discussed.  The authors obtained the stress at fracture 
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2.3 DEFECTS AND DEFORMATION OF MICRO-NANO PILLARS  
 
2.3.1 Compression of Micro-Nano pillars 
 
Some of the most important micro-nanopillar compression experiments 
investigating the fundamental strength of materials have been done on single-crystal FCC 
pure metals, such as Ni, Cu and Au.  These materials provide an excellent opportunity to 
study the fundamental effects of dimensional constraints on the mechanical properties, at 
or approaching the nanoscale.  In particular, complications caused by grain boundaries or 
secondary phases are expected to be absent in these materials, allowing pure size effects 
to be studied. Though many of the pillars tested were technically not at the nanoscale, the 
work has direct implications to the study of mechanical deformation in nanomaterials, 
and therefore should be considered. 
It is instructive to begin our review of defects and deformation during 
compression of nanomaterials with a narrative description of the deformati n process that 
occurs during the compression of a single crystal micro-nanopillar (Figure 2.1).  As the 
pillar is initially loaded, it deforms in a linearly elastic fashion.  Linear elastic 
deformation continues until a diameter-dependent, critical stress in i reached. This 
critical stress is usually very high when compared to the yield stress of conventional 
materials. After this critical stress is reached, the sample deforms perfectly plastically at 
the critical stress.  The perfectly plastic deformation continues until some amount of 
strain is accommodated and then linear elastic deformation resumes.  The new linear 
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elastic regime continues until a new higher critical stress is reached, and then perfectly 
plastic deformation begins again.  This cycle can repeat several times during eformation. 
One of the most interesting characteristics regarding the deformation in 
micro/nanopillars is that they show increased yield strength as their diameters are 
decreased, similar to whiskers strained in tension.  This effect was originally seen by 
Uchic et al. [11] in Ni and Ni3Al-Ta pillars with sizes ranging from 40µm to 0.4µm in 
diameter.  Later this effect was demonstrated in Ni by Dimiduk et al. for a similar size 
range [12].  Similar results were seen in Au by Greer et al. for gold pillars as small as 
400nm [94] and by Volkert [14] for pillars with diameters as low as 200nm.  These 
results seemed to be the same regardless of whether the samples were produced by FIB 
machining [11, 12, 14, 94] or by electrochemical methods [85], indicating that it is 
unlikely that the strengthening was caused by the processing methods.  There is 
agreement in the literature that the yield strength increases ubstantially as 
micro/nanopillar size is reduced  
It is known that that compressed pillars deform via a dislocation mechanism. 
During deformation, micro-nanopillars show slip bands that are associated with 
dislocation motion [11, 12, 14, 94].  However, because SEMs lack the ability to image 
the interior of the samples, the mechanisms of dislocation generation emain unknown.  It 
has also been shown by Greer t al. [95] that dislocations do not accumulate in 
compressed nanopillars.  Post mortem TEM examination of compressed nanopillars 
revealed very few dislocations, and those that it did reveal had Burgers vectors that were 
perpendicular with the direction of the compression.  No dislocations that would have 
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experienced shear stress due to the compression were seen.  This indicates that micro-
nanopillars are essentially dislocation free-structures.   
Aside from dislocation defects, other defects can be produced by the FIB 
machining process that is often used to produce the micropillars.  These effects were 
studied in by Kiener et al. [96].  In post mortem TEM analysis, it was shown that the FIB 
machining causes accumulation of a network of dislocation-like defects, amorphous 
regions and Ga ion implantation.  Concerns about these FIB related defects has been so 
great that several models for nanopillar strengthening considered the effect of the FIB 
damaged layer as the cause of increasing yield strength in nano a d micropillars [87].  
This was serious enough concern that experiments were done on pillars fabricated by 
other electrochemical techniques [94].  The electrochemically produced samples behaved 
the same as the FIB machined samples.  Though there is agreement that FIB machining 
causes defects in the samples, experiments on non FIB machined pillars show that these 
defects are not the cause of strengthening in nanopillars. 
The general shape of the stress strain curve for compression of micr pillars and 
nanopillars has been demonstrated in several different materials by many authors [11, 12, 
14, 94].  Uchic et al. showed the elastic-plastic-repeat stress strain curve in Ni a d Ni3Al-
Ta pillars [11].  These findings were repeated for gold [94, 14] by Volkert et al. and 
Greer et al. and for additional Ni samples by Dimiduk et al. [12].  There is, therefore, 
very good agreement on the shape of the stress strain curve for micropillar compression. 
Theoretical models have also developed to explain the mechanical behavior of 
micropillars and nanopillars.  The increase in yield stress that is associated with 
decreasing diameter in micropillars and nanopillars is typically explained by the limited 
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number of dislocation sources available [11, 12, 14, 17, 94] or alternately, by FIB 
damage [96].  Micro-nanopillar strengthening due to the limited number of dislocations 
sources is analogous to strengthening in whiskers.  Because of the limited number of 
dislocation sources in a micro-nanopillar, the strength of even the weakest source is 
expected to be quite high.  It is typically assumed that for micropillars, Frank-Read 
sources are still operational.  However, for nanopillars this becoms i plausible, and 
dislocation nucleation at the surface of the pillar is considered [17].  In either case, the 
source of dislocations has not been imaged. 
One major difference between deformation in micro/nanopillars and whiskers is 
their post-yielding behavior.  Metallic whiskers show very little resistance to deformation 
after yielding, while nanopillars can show considerable hardening.  This is attributed to 
dislocation escape and dislocation starvation [11, 12, 14, 17, 94].  In micro/nanopill r 
compression dislocations are generated from one source at a constant stress until the 
source is exhausted.  These dislocations glide across the micro/nanopillar and escape at 
the free surface without a significant amount of dislocation multiplication occurring.  
This corresponds to the perfectly plastic portion of the stress strain curves discussed 
above.  After exhaustion of the weakest source, linear elastic behavior resumes until the 
next weakest dislocation source is activated.  This effect is also modeled by 
computational simulations, which are discussed in the next section. 
In general, the literature on the deformation of FCC micropillars shows a high 
degree of consensus in several areas.  Namely, it is well established that micropillars 
show an increasing resistance to deformation as their size is reduced.  Additionally, for 
smaller micropillars, the stress-strain curve has a distinct shape, where the elastic regions 
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are separated by perfectly plastic regions. On the other hand, scientific agreement on the 
mechanisms of pillar strengthening is less well established.  The most popular theory is 
that mobile dislocations escape the micropillars before they can participate in dislocation 
multiplication process, such as double cross-slip.  This effects has two implications; i) 
new dislocation sources are not generated, and ii) pre-existing dislocat on sources 
become exhausted.  The combined effects of i) and ii) lead to the elastic/plastic/elastic 
stress strain curves that characterize microcompression.   
Additionally, the literature on the experimental compression of microp llars only 
begins to enter the nanometer range.  Results on pillars <100nm are rare.  Many authors 
realize that the dislocation starvation mechanism will break down as the diameter of the 
pillars is reduced from the micrometer scale to the nanometer scale.  At this point, many 
authors predict that dislocations nucleating heterogeneously on the surface of the 
nanopillar will dominate deformation, but experimental evidence of this rom literature is 
still lacking. 
 
2.3.2 Computational Models 
 
Despite the great success of the in-situ SEM compression experiments on 
micropillars, there are some issues that these experiments ar  simply unable to address.  
An example of this is the behavior of dislocations inside the crystal.  Another aspect of 
dislocation motion that makes it difficult to assess is the veryhigh speed of dislocations 
in crystals.  Because of their quick motion, even if the dislocations are imaged via TEM, 
their motion is still very hard to track. 
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To address both of these points, computer numerical simulations of micropillar 
compression have been done using various methods.  In this regard, dislocation dynamics 
simulations have been very important.  Dislocation dynamics simulations consider 
dislocations in a material that is otherwise governed by the laws of continuum mechanics.  
The generation, propagation and motion is calculated in discrete steps and used to 
determine the mechanical properties of the simulated test material.  Using this numerical 
method allows the simulated behavior of dislocations in materials to be studied, free from 
imaging and timescale constraints that limit their study via other mechanisms. 
 Two important dislocation dynamics simulations were performed by Deshpande 
et al. [16] and Tang et al. [96].  A simplified 2-D dislocation dynamics model was 
presented by Deshpande et al. to study the effect of size on micropillar strength [16].  A 
more complex 3-D simulation was conducted by Tang et al. [27].  Both simulations 
considered deformation occurring by the activation of a random arrayof Frank-Reed 
sources.  The simulation does not consider the concentration of dislocations or sources to 
be a function of micro/nanopillar size.  Both simulations showed that the yield strength 
increases as the pillar diameter decreases.  This is explained stochastically; the smaller a 
pillar is the lower the probability it will have sources with low critical stresses.  The 
simulations also show that dislocations do not participate in double cross slip or other 
dislocation generation activities during deformation.  These simulation results are a 
confirmation of the analytical models for strengthening that are based on a low number of 
dislocation sources. 
When viewed as a whole, the dislocation dynamics simulations in micropillar 
compression confirm that the dislocation starvation mechanism is a good explanation for 
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the experimental results.  However, because the dislocation dynamics simulations 
commonly assume that dislocations are generated at Frank-Read sources, extrapolation of 
these simulation results to the nanoscale would likely be problematic.  Frank-Read 
sources are not expected to be active in 0-D and 1-D nanomaterials.  Additionally, 
interactions between dislocations and the surface are often simplified or neglected in 
dislocation dynamics simulations.  This means that dislocation dynamics experiments are 
less than an optimal tool for understanding pillar compression, as it enters the nanometer 
range and dislocations are expected to nucleate from the surface o  a nanopillar.  
Therefore, molecular dynamics experiments on nanopillars are necessary to evaluate the 
deformation behavior on 1-D and 0-D nanomaterials. 
    Molecular dynamics simulations consider the behavior of each individual atom 
in the material. This means that these simulations can very accurately simulate materials 
behavior, but are extremely computationally intensive.  The computational requirements 
of molecular dynamics simulations place several limitations on the experiments that can 
be simulated.  For instance, molecular dynamics experiments on mechanical deformation 
often consider strain rates that are ten or more orders of magnitude larger than strain rates 
commonly used in experiments.  Additionally, because every atom’s behavior is 
computed, the crystals simulated are often small.  Despite theslimitations, molecular 
dynamics simulations are a useful tool for understanding deformati n.  They are 
particularly useful for determining the plausibility of specific deformation mechanisms.  
Additionally, molecular dynamics simulations on nanocompression can studymaller 
crystals that have been studied experimentally or by dislocation dynamics. For these 
reasons, several molecular dynamics simulations have been done on FCC nanopillars.    
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Molecular dynamics (MD) simulations have been conducted for Cu and Au with 
diameters up to 30nm and very high strain rates, from 108-1014 s-1 [19, 97, 98].  Guo et al. 
conducted an MD simulation on Cu nanopillars.  The simulations showed very high 
stress, likely due in part to the very high strain rates (108-1012 s-1).  Additionally, 
nucleation of partial dislocations from the free surface of the sample was also seen.  MD 
simulations of Au nanomaterials were carried out by Rabkin et al. and Zepeda-Ruiz et al. 
[97, 98].  Significant strengthening was seen in the simulations.  Likewise, the 
simulations in gold also showed generation of partial dislocations at free surfaces. 
The molecular dynamics experiments show that heterogeneous nucleation of 
partial dislocations at the surface of nanopillars can occur during compression of 
nanopillars.  Even though the simulations consider unrealistically high strain rates, the 
observation of partial dislocation nucleation at free surfaces is important.  It shows that 
dislocations nucleation may be possible at the surface in compressed 1-D nanomaterials, 
though it has never been observed conclusively and directly.  
Additionally, even though only partial dislocations are seen in the molecular 
dynamics simulations, their presence may indicate that perfect dislocations could form at 
realistic strain rates.  Unfortunately, due to the computationally intensive nature of 
molecular dynamics, simulation of these lower strain rates and larger sample sizes are not 





2.4 DEFECTS AND DEFORMATION IN 2-D AND 3-D NANOMATERIALS 
 
2.4.1 The Inverse Hall-Petch Effect 
 
One of the goals of developing nanomaterials is to provide high strength structural 
materials.  However, it has been shown that metals with very small grain size become 
softer [33]. This is known as the inverse Hall-Petch effect. Through nanoindentation 
experiments, miniaturized tensile experiments and in-situ TEM experiments, it has been 
shown there are surprisingly few mobile dislocations and a lower than expected yield 
stress.  These phenomena are believed to be linked, as the small amount of mobile 
dislocations is often cited in explanations for the lower yield stres .  Understanding both 
of these phenomena is essential for an understanding of the mechanical behavior of 2-D 
and 3-D nanomaterials. 
The most persistent controversy in the understanding of the deformati n of 2D 
and 3D nanomaterials is the so-called inverse Hall-Petch effect (IHPE).   The classical 
Hall-Petch effect is given by equation 2.1. 
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where σy is the grain yield stress, σ0 is the lattice friction, k is the grain boundary 
strengthening factor and d is the grain size. Equation 2.1 shows that yield strength should 
increase as grain size is decreased.  However, in many experiments the yield strength 
actually decreased with increasing grain size.  There have been a large number of 
experiments investigating this effect and a larger number of hypot etical explanations for 
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this behavior have been offered [57-78], but theory has had trouble keeping pace with the 
advancing understanding of deformation in 2D and 3D nanomaterials. 
 
2.4.2 Mechanical Testing Experiments on 2-D and 3-D Nanomaterials 
 
Advances in material fabrication technology allowed for the mechani al testing of 
materials with grain sizes in the nanometer range.  As mentioned above, many of the tests 
found yield strengths that were lower than predicted by the classi l Hall-Petch effect.  
Experiments showing the IHPE are characterized by a lower than expected, or even 
negative, value for k from equation 2.1.   
This section will discuss quantitative experiments done on the yield strength of 
nanocrystalline FCC metals, particularly Ni and Cu.  The discussion w ll focus on FCC 
metals because they have been covered by the literature in the most depth.  This is also 
the reason that the focus will be on Ni and Cu. 
There has been a large volume of research conducted on the effect of grain size on 
the effect of grain size on the yield strength of Cu.  In fact, the first hints of the IHPE 
were seen before the term “nanomaterials” was in common use.  From that point, interest 
in IHPE has only grown.  In this section, experiments investigating the IHPE in 
nanocrystalline Cu are discussed in detail.  
Many experiments have been done on the Hall-Petch effect in Cu [29-35, 38, 39, 
41, 44, 47, 99].  Early results investigating the CHPE in nanoscale and ultrafine grains 
was done by Merz et al. [41] and Hansen et al. [99].  Merz et al. tested sputtered films 
with mean grain sizes between 56nm and 2000nm.  Tensile testing of the samples show d 
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that CHPE was obeyed at all grain sizes tested.  Hansen et al. evaluated Cu samples with 
grain sizes between 8.5 and 60µm.  These samples were fabricated by recrystallization of 
high purity Cu.  Tension tests confirmed that the CHPE was followed for these samples 
as well.  Though these experiments did not show the IHPE, they are som  of the first to 
examine the yield strength of 3-D nanocrystalline materials. 
With the invention of inert gas condensation (IGC), investigation of 
nanomaterials with extremely small grain sizes became possible.  As these materials 
started to be evaluated, IHPE behavior began to be reported [29-35].  Several different 
researchers studied Cu samples produced by IGC followed by powder compa tion.  
Powder compaction typically led to samples with densities that were significantly lower 
than the theoretical density.  Additionally, due to the low yield of the process, and 
difficulties of manufacturing tensile specimen, many of these experiments were evaluated 
by Vickers hardness tests.  Nieman et al. [30], Chokshi et al. [29], Nieman et al. [31], and 
Fougere et al. [32] all conducted Vickers hardness tests on nano-grained Cu fabricated by 
compaction of IGC powder.  None of these works reported fully dense mat rials, 
however all of them showed softening for at the lowest grain sizes, ndicating the 
presence of the IHPE.  
Not all of the mechanical tests done on compacted IGC nanocrystalline Cu 
powders used Vickers hardness testing.  Gertsman et l. tested their nanocrystalline Cu 
samples by miniaturized disk bending [33], and they reported an IHPE as well.  Sander et 
al. used tension tests to study the yield strength of nanocrystalline Cu, and they also 
found an IHPE.  Iyer et al. tested an IGC powder that was hot pressed instead of cold 
pressed, increasing the solid’s density [35].  Tension tests on the dens r samples did not 
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show the IHPE.  Despite different testing techniques, the IHPE continues to be observed 
except, intriguingly, in the more dense samples. 
Additionally, the Hall-Petch effect has been examined in Cu samples that were 
not fabricated by powder compaction. Vailiev t al. [39] and Haouaoi et al. [47] tested 
Cu samples that were fabricated using a severe plastic deformati n technique known as 
equal channel angular extrusion (ECAE) and Chen et al. [44] tested nano-grained Cu 
samples produced by a surface metal attrition treatment (SMAT).  ll of the techniques 
produce fully dense samples, but the drawback of these techniques is that grains sizes 
tend to be fairly large (for nanomaterials).  None of these authors reported results 
consistent with the IHPE.  Additionally, the grain sizes of the samples that were tested in 
these experiments were significantly larger than the grain sizes that showed the IHPE in 
the previous literature. 
 Huang et al. tested nanocrystalline layered Cu and Ag samples [38].  The 
nanocrystalline samples were fabricated by electron beam evaporation.  Instead of testing 
pure Cu or Ag films with nanoscale grain sizes, the deposition Cu and Ag was alternated, 
making multilayer structures with grain sizes comparable to the lay r thickness.  The 
samples were observed by electron microscopy, and the authors rep ted that no voids 
were seen.  The elastic properties of the specimens were measured via tension testing 
with in-situ laser diffraction.  The elastic values for Young’s modulus measur d were 
below the literature for coarse grained materials.  The yield strengths were also measured.  
Ag/Cu multilayered composites with layer thicknesses as low as 3nm were tested.  The 
authors report that the CHPE was followed.  These results are intrigu g, even if they are 
not directly comparable to the results for pure nanocrystalline Cu.   
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When viewed in its totality, the work on the IHPE in Cu is somewhat uncertain.  
Some experiments clearly show the IHPE, but these experiments wre very often done on 
samples with significant porosity, which can significantly degrade mechanical processes.  
However, the majority of the work showing agreement with the CHPE was done on 
samples with grain sizes large enough that the IHPE would not be expect d anyway.  
Because of these conflicting messages, it is difficult to determine if the IHPE is a real 
effect without additional analysis.  Figure 2.2 shows compiled results from Cu yield 
stress vs. grain size experiments discussed above, with several additional experiments 
added.  The curve fit was drawn in free-hand because the expected functional form of the 
IHPE is not known.  From Figure 2.2, the reduction in the slope of the Cu yield stress 
indicates the presence of an IHPE.  However, if the legend of figure 2.2 is examined, it is 
clear that the data supporting the IHPE was all from samples fabricated by consolidation 
of nanopowders. 
There has also been a large amount of work done on the validity of the CHPE in 
nanocrystalline Ni.  Some of this effort was inspired by reports f the IHPE in 
nanocrystalline Cu and Pd.  In contrast to the work on IHPE in Cu, most of the work on 
yield stress on nanocrystalline Ni was done on samples produced by lectrodeposition.  
This makes interpretation of the results significantly easier for a couple of important 
reasons.  Namely, the effects of different fabrication techniques do not need to be 
considered and electrodeposited samples typically do not have any porosity. 
The mechanical properties of electrodeposited nanocrystalline Ni have been 
evaluated by several different experiments using Vickers hardness tests and tension tests.  
Hughes et al. [49], and Xiao et al. [48] conducted mechanical testing on electrodeposited 
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nanocrystalline Ni using Vickers hardness tests.  Nickel samples with grain sizes  as low 
as 12nm were tested by Hughes and grain sizes as low as 9nm were test d by Xiao et al.  
In both experiments the CHPE is followed.  Tension tests on nanocrystalline Ni 
specimens fabricated by electrodeposition were done by Wang et al. [40] and Ebrahimi et 
al. [46].  In the experiment conducted by Wang et al., the IHPE was seen, but only in the 
smallest sample, which had a grain size of 6nm.  In Ebrahimi et al.’s experiment [46], the 
CHPE was followed, but only grain sizes between 45-300nm were tested. 
Some other experiments were done to evaluate the properties of nanocrystalline 
Ni samples.  Lu et al. used Vickers hardness tests to examine the mechanical properties 
of a Ni-P amorphous alloy that was recrystallized [100].  Using this method, they were 
able to test grain sizes as low as 7.5 nm.  These nanocryastalline Ni-P samples showed 
IHPE behavior.  Schuh et al. [51] tested electrodeposited Ni samples with grain sizes as 
low as 12nm using a nano-scratch technique.  The results showed IHPE behavior for the 
smallest grain sizes.  An experiment on an electrodeposited Ni-W alloy was done by Giga 
et al. [55].  The authors evaluated the yield strengths of nanocrystalline Ni-W with grain 
sizes as small as 2nm.  This experiment also showed IHPE behavior at small grain sizes. 
Taken collectively, the literature on the validity of the CHPE in nanocrystalline 
Ni is hard to interpret.  Individual reports often claim to have found evience of an IHPE, 
but when all the results are taken together, many of these findings appear inconclusive.  
Additionally, the best evidence for the IHPE in Ni which is, the work of Giga et al. [55], 





2.4.3 Ex-Situ TEM Deformation Experiments 
 
Ex-situ TEM has been a frequently used tool for understanding deformation in 
nanostructured materials.  TEM provides a large amount of information b ut the 
microstructures of nanocrystalline materials and is useful for determining changes in 
microstructures that undergo plastic deformation.  In addition, the results of ex situ TEM 
observation have often helped the development of theoretical models for the IHPE.  
When nanostructured materials are deformed and then later observed ex-situ by 
TEM, an increased density of dislocations is not typically seen.  This has been shown by 
several ex-situ deformation experiments [37, 43, 46].   Ultrafine grained (100s of nm) Cu 
samples were tension tested and then observed by TEM by Ebrahimi et al. [46].  
Dislocations were not seen in this experiment. Lu et al. conducted an experiment where 
nanocrystalline Cu with a grain size of 20nm was rolled to very large reductions [43].  
The samples were cold rolled at room temperature up to fractional strains of 51.  The 
dislocation density was studied by TEM and XRD, and it was seen to increase at first and 
then hold steady as a function of strain.  Another experiment evaluating the effect of 
deformation on defect structures in nanomaterials was performed by Legros et al. [37].  
This experiment was done on a nanocrystalline Ni sample fabricated by hot compaction 
of IGC powder that was tension tested and Vickers hardness tested before ex-situ TEM 
observation.  In both cases, dislocations were not seen.  These experimnts show that 




Low temperature deformation studies have also been done.  Wu et al. [101] 
conducted two experiments.  In one, nanocrystalline Ni was tension tested at room 
temperature, while in the other nanocrystalline Ni was tension tested at liquid nitrogen 
temperature.  For both experiments, ex-situ TEM observations were mad .  For the room 
temperature experiment, deformation twins were observed.  Very few dislocations were 
seen, except in the vicinity of the twins.  The liquid nitrogen rolling experiments yielded 
a very different result.  At these temperatures, there is a significant retention of 
dislocations.  The contrast between the low temperature and the room temperature 
experiments is striking.  Additionally, it implies that there is some sort of thermally 
activated process that either eliminates dislocations or accommodates pl stic strain more 
easily than dislocation motion in nanocrystalline metals.   
The most important finding from this research is that there are few retained 
dislocations after deformation in nanocrystalline metals.  This could be because 
dislocation motion is never active in these materials, or because dislocations are unstable 
before they could be observed by TEM.     
 
2.4.4 In-situ TEM Deformation Experiments 
 
In-situ TEM deformation experiments have been critical to understanding the 
deformation of nanomaterials and IHPE.  In particular, they are very valuable because 
they show deformation processes progressing in real time.  Therefor  in-situ experiments 
can reveal transient behavior that is invisible in post mortem studies.  
Some of the first in-situ TEM experiments on nano-grained metallic films were 
done on nanomaterials that were deposited on top of another foil.  Milligan et l. [20] 
35 
 
studied nanocrystalline Au that was sputtered onto an Al foil.  During deformation, the 
Au was seen to deform plastically, but dislocations were not seen.  Another in-situ TEM 
experiment on Au that was deposited on a polyvinalformal film was doneby Ke et al. 
[102], and it produced similar results.  In both experiments, the images were taken in the 
vicinity of a crack, complicating the stress state.  Additionally, imaging was impeded by 
the presence of the Al and polyvinalformal films respectively.  Regardless, it is still 
significant that these experiments showed a low level of dislocation ctivity in strained 
nanocrystalline materials. 
Further in-situ TEM deformation experiments have shown dislocation motion, 
usually indirectly [23, 24, 26, 74, 103].  Youngdahl et al. [26] and Mitra et al. [103] did 
in-situ deformation experiments on nano-grained Cu with grain sizes of 20-500nm and 
30-60nm respectively.  In both cases rapid changes of contrast, which are ommonly 
associated with dislocation motion, were seen even in very small grains.  In Mitra et al.’s 
experiment, pauses in straining were used to image individual dislocatons.  Additionally, 
these observations were made far away from cracks, ensuring a more uniform stress state.  
In-situ TEM deformation experiments were done in Ni by Hugo et al. [24], and Kumar et 
al. [74].  Both of these experiments show dislocation motions as well, though in the later 
the dislocation motion was concentrated to the proximity of the crack tip.   Additionally, 
Hatter et al. [23] performed an in-situ TEM straining experiment on an ultrafine grained 
Al specimen.  In this experiment, dislocations were only seen in the vicinity of the crack.  
Despite the fact that many of the experiments only displayed dislocations in the vicinity 
of the crack, these in-situ experiments make it clear that dislocation can exist in 
nanocrystalline materials and imply that they may deform via a dislocation mechanism. 
36 
 
Another experiment on nanocrystalline Ni was done by Shan et l. [22].  The in-
situ TEM nanodeformation experiment was performed on pulsed laser deposited Ni with 
a grain size of ~10nm.  The authors report the same rapid changes in rain contrast as 
other the previously discussed reports, but attribute the changes to grain boundary 
rotation instead of dislocation motion.  Because the evidence of both dislocat ons motion 
and grain rotation is indirect, it is unclear which is actually occurring.   
In-situ deformation experiments on nanocrystalline metals show that dislocat on 
motion is possible in nanocrystalline metals.   The flashes of contrast that are seen and 
attributed to dislocation motion in the literature imply that dislocati ns are present 
nanocrystalline metals.  However, it is somewhat unclear if dislocations exist in 
nanocrystalline materials with grain sizes small enough to expect the IHPE. 
 
2.4.5 Theoretical and Computational Models for the IHPE 
 
So far, most of the models proposed to explain the IHPE behavior fall into at least 
one of four categories, namely dislocation-based models, diffusion-based model, grain-
boundary-shearing models and two-phase-based models.  In this section, models for each 
of these four categories are introduced and discussed 
In dislocation-based models, it is assumed that plastic strains in the nanomaterials 
are still carried by dislocations. The various models each contain different 
rationalizations that explain how grain sizes in the nanometer range can change the 
properties and/or behavior of dislocations.  Dislocation-based models ar  somewhat 
controversial in the modern study of the IHPE because ex-situ deformation typically does 
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not show the presence of accumulated dislocations. However, several in-situ TEM 
nanodeformation experiments have observed dislocation motion.  Additionally 
accumulation of dislocations was seen in nanocrystalline materials deformed at 77K, 
implying that it is still appropriate to consider dislocation based models for the IHPE. 
A variety of different dislocation-based models for the IHPE have be n 
considered.  The most conventional among them consider direct break-downs in CHPE 
deformation mechanisms.  The models presented by Nieh et al. [56] and Scattergood et 
al. [57] fit this category well.  Nieh et al. consider the operation of a dislocation pile-up 
mechanism in nano-grained materials, and how the mechanism might break down at very 
small grain sizes.  Scattergood et al. consider a dislocation forest cutting model for the 
CHPE, and how the model would be affected if dislocation energies were lowered due to 
truncation of their strain field by nanoscale grains.  Another fairly traditional model is 
considered by Lian et al. [58].  The authors of this work consider how changes in the 
stress that is required to bow out dislocations from Frank-Read source  in nanoscale 
grains could cause the IHPE.  Unfortunately, these models do not represent the physical 
reality of deformation in nanomaterials very well.  For instance, dislocations forests and 
Frank-Read sources are not seen in nano-grained materials.   
Not all of the theoretical work supporting a dislocation mechanism for the IHPE 
has been analytical.  A MD simulation performed by Yamakov et al. [60] simulated 
nanocrystalline Al undergoing deformation.  Like all MD simulations, this experiment 
considered a very high stain rate, which limits its applicability to conventional 
experiments.  Additionally, the yield strength of nanocrystalline Al has not frequently 
been used for studies on the IHPE.   However, the simulation still had some interesting 
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results.  For instance, nucleation of perfect and partial dislocations from grain boundaries 
was very prevalent in the simulation.  This is despite the fact th t stacking faults are not 
expected in Al due to its high stacking fault energy. 
In-diffusion based models, plastic deformation in nanomaterials is accommodated 
by a diffusion process.  For example, one diffusion based model explains the IHPE using 
Coble creep of grain boundaries [29]. Other diffusion based IHPE modes consider 
diffusion-modified dislocation and grain boundary shearing processes.  The key argument 
for many of these models is based on the large amount of grain boundaries.  This, 
coupled with the fact that grain boundary diffusion is typically much faster than lattice 
diffusion, makes diffusion-based models seem very plausible.   Experiments showing 
temperature dependence in the deformation mechanism for nanocrystalline metals [93], 
and experiments indicating strain-rate dependence of yield stress in nanocrystalline 
metals suggest a diffusion based model for the IHPE is appropriate. 
Aside from the Coble creep suggested by Chokshi et al., Masamura et al. present 
a diffusion based model for the IHPE [62].  The authors consider a combination of CHPE 
strengthening and conventional Coble creep as the source of the IHPE.  The material’s 
behavior is supposed to be a combination of regions of material behaving according to 
the CHPE and regions of materials deforming purely by Coble creep.  While the model is 
interesting, the treatment presented by the authors is somewhat empirical.   
A more novel model was presented by Malygin [59].   This model uses a 
combination of dislocation and diffusion mechanisms to explain the IHPE.  The author 
uses a mechanism where Coble creep at the grain boundary eliminates dislocations and 
where the CHPE is due to the dislocation forest cutting model.  This model has some 
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very intriguing features.  Elimination of dislocations via a creep mechanism might help to 
explain the lack of retained dislocations in nanocrystalline materials that were deformed 
at room temperature.  Additionally, it could account for the temperature dependence for 
the disappearance of dislocation, which had seen hinted at in reference [101].  However, 
the dislocation forest cutting model still remains unconfirmed for nanocrystalline 
materials. 
Models that consider the IHPE to be the result of localized grain boundary 
plasticity have also been popular [63, 64, 66].  Different localized grain boundary 
plasticity models for IHPE use different mechanisms, such as grin boundary sliding, 
grain boundary shearing or grain rotation.  These models also consider the la ge amount 
of grain boundaries in nanocrystalline materials which, they reason, can deform more 
easily than the lattice material.  Support for grain boundary sliding models comes from 
Molecular dynamics simulations, which routinely show grain boundary sliding and 
application of Ashby diagrams to the results of creep experiments in nanocrystalline 
materials [40].   
A grain boundary shearing based mode for the IHPE was proposed by Conrad et 
al. [63].  The authors consider a transition between the conventional dislocation 
mechanism of deformation and a proposed grain boundary shearing that occurs at a 
critical grain size.  The grain boundary shearing activity is taken to be composed of 
independent thermally activated events taking place at the atomic scale.  The authors 
determine the critical yield stress by equating the conventional yield stress from the Hall-
Petch and the new yield stress from grain boundary shearing. 
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MD simulations have also supported grain boundary sliding explanation of the 
IHPE.  Swygenhoven et al. [64] presented a MD simulation in Ni and Cu that showed 
significant strain accommodation by grain boundary sliding.  Yamakov et al. [66] 
presented a MD simulation in Al with 7-30nm grain sizes.  They report grain boundary 
sliding for the smallest grain sizes.  These simulations have the sam  limitations as other 
MD simulations, namely very high strain rates. 
Yet another class of models explaining the IHPE considers nanomaterials o be a 
combination of two or more different phases.  A typical argument is hat, in 
nanomaterials, grain boundaries are significantly different that in conventional materials, 
and therefore constitute a second phase.  This argument is poorly supported, because 
TEM examination of nanocrystalline materials has shown that there is no amorphous 
region between the nanocrystalline grains [111].  Multiphase models will therefore only 














Figure 2.1:  A schematic diagram of the mechanical response of a micro-nanopillar 
undergoing compression.  In the area marked I, the pillar is deforming in a linear elastic 
fashion.  When the applied stress on the particle exceeds the critical stress required to 
activate a dislocation source, the pillar begins to deform in a perfectly plastic manner.  
The region of perfectly plastic deformation is labeled II in the figure.  Eventually, plastic 
deformation ceases and elastic deformation resumes.  This second perio of elastic 
deformation continues until another dislocation source is activated.  This process can 











Figure 2.2:  A plot of the reported yield strength vs grain size for Cu.  The data points are 


















CHAPTER 3:  






0-D and 1-D nanomaterials show a conspicuous lack of dislocations, regardless of 
the materials processing history, even after significant deformation and radiation damage 
[1, 91].  However an abundance of twins seems to exist, even in materials with high 
stacking fault energies [7].  Because of these observations, it has been suggested that 
either dislocations cannot exist, or that dislocations are unstable in nanoparticles.  
Additionally, much has been said about the nucleation of deformation twins [7-9] in 3-D 
nanomaterials, but very little work has been done on mechanical twinning in isolated 
nanoparticles.  
Another phenomenon of interest related with 0-D and 1-D nanomaterials is 
associated with mechanical compression.  In the case of 0-D nanomaterials no 
experiments, to the author’s knowledge, have been performed at the nanoscale. The 
experiment that has been the closest to the nanoscale was an in- itu TEM compression of 
~200 nm Si particles [92].  However, the particles tested were too large to extract relevant 
information at the nanoscale and the mechanical deformation of Si is also expected to be 
different from that of metals. In the case of 1-D metallic nanomaterials, ranging in 
diameter from hundreds of nanometers to several micrometers, several compression 
experiments have been conducted in-situ, typically in an SEM, although several in-situ 
TEM experiments have been carried out too [11, 12, 14, 94].  The experiments showed 
that as the pillar size was decreased, the pillars exhibited increased strength.  
Additionally, dislocation slip bands could clearly be seen.  Attempts to model and 
understand the mechanisms of deformation in these pillar nanocompression xperiments 
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have been made [11, 12, 14, 17, 94, 96]. However, it has been difficult to experimentally 
validate these models due to the limitations of SEM microscopy.  In fact, even the in-situ 
TEM experiments carried out so far have been unable to reveal details about the exact 
mechanisms of deformation, such as the identification of dislocation nucleation sites.  
Finally, another important effect that is relevant for the deformation of 0-D and 1-
D nanomaterials is the fact that as crystal dimensions approach the Burgers vector of a 
dislocation, the amount of strain a single dislocation carries can become very larg .   
To address these aforementioned issues in 0-D and 1-D nanomaterials, his 
dissertation will first propose three models: 1) a model explaining the absence of perfect 
dislocations in 0-D and 1-D nanomaterials, 2) a model explaining the presence of twins in 
0-D and 1-D nanomaterials and 3) a model explaining the increasing mount of strain 
caused by the motion of individual dislocations as sample size is reduced. Secondly, this 
dissertation will show how the first model, developed to explain the absence of 
dislocations within a nanoscale crystal, can be applied to nano-compression experiments. 
This in turn will provide the first insights into the mechanical properties of metallic 





3.2 THEORETICAL MODELS 
 
3.2.1 Dislocation Behavior in 0-D and 1-D Nanomaterials 
 
It is well known that dislocations are not observed in nanoparticles, evn after 
deformation or irradiation [1, 91].  These observations led some researchers to believe 
that it is not possible for dislocations to exist in nanoparticles.  The theoretical basis for 
this idea is the model proposed by Nieh et al. [56] for the IHPE in 3-D materials.  This 
model considers the cases where the equilibrium spacing between dislocations in a pile-
up is greater than the grain size.  Though this is not technically applic ble to single 
crystalline nanomaterials, the paper by Nieh et al. [56] is commonly referenced as the 
reason why dislocations are impossible in nanoparticles. 
In order to understand the aforementioned behavior, this dissertation will consider 
the gradient in energy experienced by a dislocation present within a nanoparticle, as a 
function of distance from the surface of the nanoparticle. If the energy gradient is 
sufficiently large, the dislocation will be spontaneously ejected from the nanoparticle to 
reduce its elastic energy.  This analysis can be also applied to 1-D nanomaterials because 
the slip plane is bounded on each side by free surfaces, as is the case for nanoparticles. 
The model assumes a nanoparticle containing a perfectly straight ed e dislocation 
located across its center (Fig.3.1), before deformation takes place. Subsequently, the 
model considers the change in Gibbs free energy of the edge dislocation as it moves 
through the nanoparticle. Upon reaching the nanoparticle’s free surface, the dislocation 
will create discrete steps, which are one Burger’s vector in length (Figure 3.1).  These 
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steps will increase the particle’s surface area and thus, its surface energy.  
Simultaneously, as segments of the dislocation exit the particle and form steps, the total 
length of the dislocation within the particle decreases. Thus, te differential expression 
for the Gibb’s free energy of an edge dislocation as it moves throug  the nanoparticle, 
assuming constant pressure and temperature, can be expressed as   
 
                                                                                                                        3.1 
 
where γ is the surface energy per unit area A of the particle, L is the dislocation line 
length, and ldisU .  is the strain energy stored per unit length of dislocation, given in by  
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where b is the Burgers vector, µ is the shear modulus, ν i  Poisson’s ratio, R is the 
distance from the dislocation to the free surface, and r0 is the cut-off radius below which 
elasticity theory breaks down. The divergence with R shows that the srain energy of the 
dislocation depends on the size of the crystal, which can be represented by R.  
On the basis of equation (3.1) we can calculate the force acting on the dislocation, as 
a function of dislocation position from the surface of the particles. This can be done by 
taking the derivative of the Gibbs free energy, expressed by equation (3.1), with respect 
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to x, which represents the distance from the center of the nanoparticle to its surface along 
the dislocation’s glide direction.  In a mathematical form, we can write  
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By dividing this force by the length of the dislocation and the dislocation’s Burgers 
vector, the shear stress acting on the dislocation can be obtained, and is given by 
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It is important to emphasize at this point that σS is a spontaneous pseudo-stress that acts 
on the dislocation due to the nanoscale environment. There are three distinct terms that 
define this spontaneous stress.  They are referred in this dissertation as type I, type II and 
type III stresses and are given by equation 3.5, 3.6, and 3.7 respectively, in the form 
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Type I stress is associated with changes in the surface area of the particle.  
Depending on the geometry considered, the motion of a dislocation can either create or 
destroy surface area.  For example, as a dislocation is being ej cted at an atomically 
smooth surface, a surface step of length b is generated. On the other hand, a dislocation 
nucleating at a surface step will eliminate the same amount of surface area.  The surface 
step created by the ejection of a dislocation at an atomically fl t surface is shown by 
Figure 3.1.  This means that Type I stress can either pull or push away a dislocation from 
a free surface, depending on whether it is creating or eliminating surface area. 
Type II stresses (equation 3.6) are caused by changes in the line l ngth of the 
dislocation.  As the dislocation moves through a nanoparticle its line length may change 
(Figure 3.2).  However, the change in line length can either be positive or negative.  For 
instance, a dislocation half-loop nucleating at the surface of a nanoparticle increases in 
length as it glides through the nanoparticle. On the other hand, if a dislocation glides back 
to the original nucleation point, the line length will decrease.  Type II stress always pulls 
the nanoparticle towards a free surface that is intersected by the dislocation. 
Type III stresses (equation 3.7) are caused by the truncation of the dislocation’s 
stress field by a free surface.  Because the strain energy of a dislocation is greatest at its 
core, the crystal near the dislocation has higher energy than the crystal further away.  By 
approaching a free surface, the dislocation is effectively replacing high energy crystal 
with low energy crystal, leading to a net drop in strain energy of the dislocation (Figure 
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3.3).  Type III stress is equivalent to an image stress, and it always pulls the dislocation 
towards the free surface. 
Now that the different sources of spontaneous stress have been defined, we may 
consider three different geometries. First, a straight dislocation in a nanoparticle is 
discussed.  This geometry will provide a basic understanding of the beavior of 
dislocations in 0-D and 1-D nanomaterials.  Next, a dislocation half-loop on the surface 
of a semi-infinite foil is considered.  This geometry will show the general behavior of 
dislocations nucleating and expanding from a free surface.  Finally,  half-loop 
dislocation nucleating heterogeneously at the surface of a nanoparticle is considered.  
This geometry is perhaps the most important, but also the most complex. It will combine 
the previous two geometries and demonstrate how nanoscale dimensions affect a 
dislocation expanding from a free surface.  This geometry will be directly applicable to 
nanocompression experiments conducted in this dissertation.   
 
Case 1: Straight Edge Dislocation in a Spherical Nanoparticle 
In this section, a spherical nanoparticle with a straight edge dislocation across its 
center is considered.  For this geometry, the origins of this dislocation will not be 
considered.  Figure 3.4 schematically illustrates the geometry.   
If a perfectly straight edge dislocation located in the center of a spherical 
nanoparticle glides in the direction of its Burgers vector, there are segments of the 
dislocation line that exit the nanoparticle. As this occurs, the line le gth decreases and a 
surface step created (Figure 3.5).  The area of the surface step produced by dislocation 
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motion can be readily found by extending the original surface profile  the nanoparticle 
along the Burgers vector.  This area can be given by   
 
  A  5 Lx  b  Lxdx                                                                                              3.8 
     
where A is total surface area of the nanoparticle, Ao is the initial surface area, and L(x) is 
the length of the dislocation.  For this geometry, L(x) is given by 
                                     
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where R is the radius of the nanoparticle.  Equations 3.8 and 3.9 can be substituted into 
equation 3.5 to give the expression for type I stress for this geometry, which can be 
expressed as 
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Likewise, equation 3.9 can be substituted into equation 3.6 to obtain an expression for the 
type II stress, which is given by 
..  )4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Determining the type III stress is simplified greatly by considering the continuity 
condition.  The continuity condition is an axiom in continuum theory that states hat, in a 
solid, stress and strains are continuous at all points, including the surface.  In 
nanoparticles a dislocation can cause a significant amount of stress a  the surface.  This 
means that in order to fulfill the continuity condition, there must be some stress acting on 
the surface of the nanoparticle.  In the case of a free nanoparticle, the applied stresses on 
the surface are zero.  The absence of the stress required to fulfill the equilibrium 
conditions causes a pseudo-stress that pulls the dislocation to the free surface.  This is the 
source of the image stress.  Therefore, we can substitute in equation 3.7 the value of the 
stress caused by the dislocation at the surface of the nanoparticle.  Along the dislocation’s 
slip plane, the stress field of an edge dislocation is given by 
  
τ  µ2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For this geometry, there are two free surfaces, one at x=+R and one at x=-R.  Both of 
these surfaces exert a type III stress on the dislocation.  Therefore, two x terms are 
needed for the type III stress.  Thus, the type III stress is given by 
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The aforementioned equations can be used to generate plots of the spontaneous stress vs. 
dislocation position for spherical nanoparticles of various sizes. These plots are shown in 
Figures 3.6a-c for nanoparticles with diameters of 10nm, 50nm and 500nm. Clearly, 
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Figures 3.6a-c show that the total spontaneous stress acting on the dislocation increases 
as the dislocation approaches the nanoparticles surface.   
 
Case 2: Half-Loop Dislocation in a Semi-Infinite Foil 
The stresses acting on a dislocation half-loop, which nucleates on the free surface 
of a semi-infinite foil is also very important to understand deformation in 0-D and 1-D 
materials.  A semi-infinite foil is defined as a solid that that extends infinitely in the +x, 
+y, and –y directions.  The z-dimension is not relevant to this analysis, because the 
discontinuous stresses outside of the slip plane do not produce stresses on th  slip plane.  
For this discussion, we will assume that the semi-infinite foil has a free surface at x=0.   
A schematic diagram of this geometry is shown in Figure 3.7.  For this geometry, the 
effect of an applied stress on dislocation behavior is also considered.  The surface area for
this geometry is given by   
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3.14 
         
where the symbols have the same meaning as before. As the dislocation loop expands, it 
either creates or destroys surface area, depending on whether the dislocation nucleated on 
a smooth surface or on a surface step.  For this geometry, the line length of the 
dislocation is given by 
 
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Equations 3.14 and 3.15 can be substituted into equation 3.5 to arrive at an expression for 
the type I stress in this geometry, which is given by  
 
.  D2)                                                                                                                                     3.16 
 
 where the sign depends on whether surface area is being created or d stroyed. Type II 
stresses can be determined by substituting equations 3.15 and 3.2 into equation 3.6.  This 
results in the following expression 
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Type III stress can be calculated for this geometry, as for the previous geometry. This 
leads to the expression 
 
...   µ41  !)                                                                                                                    3.18 
           
The sum of the spontaneous stresses is shown in Figure 3.8.  Note that all t e forces are 
negative, which means that all the forces are pulling the dislocation back towards the free 
surface.  The spontaneous stresses start out very high at the film’s surface, but decrease 




Case 3:  Half-Loop Dislocation in a Spherical Nanoparticle 
In this section we will combine portions from the previous two sections t  
determine the spontaneous forces acting on a dislocation half loop inside a spherical 
nanoparticle.  This is the most complicated geometry considered so far, and a schematic 
diagram is presented in Figure 3.9. 
Because of the difficult geometry it is easier to write th equations in terms of t, 
which is defined in Figure 3.9 as the distance between the center of the particle and the 
line perpendicular to the cord defined by the ends of the dislocation half loop.  An 
equation for r in terms of t is given by 
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Additionally, the equation for L in terms of t is given by    
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while an expression for x in terms of t is given by 
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In addition, the total area of the nanoparticle can be expressed as 
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Equation 3.23 can be differentiated with respect to x t  find the type I stress; albeit this is 
procedure is less direct than the procedure for the previous examples.  Th  first issue is 
that the geometry is much easier to express in term of t than x, but x remains the 
physically significant variable. This difficulty is solved by using the chain rule, from 
calculus.  For this particular geometry, the chain rule can be used as follows 
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where dt/dx is given by 
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Equations 3.26 and 3.25 can be substituted into equation 3.24, which can then be 
substituted into equation 3.5 to determine the type I stress for this geometry.  The type I 
stress for this geometry is thus given by   
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A simple expression can be achieved by substituting equation 3.19 into equation 3.27, 
which yields 
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The type II stress can be calculated is a similar manner.  Equation 3.20 can be 
differentiated with respect to t to give 
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If equation 3.29 and equation 3.25 are substituted into equation 3.6, the following 
expression for the type II stress is obtained 
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Substituting now equation 3.25 into equation (3.30) leads to a simplified expression given 
by 
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The type III stress is the most simple of the three stresses to calculate in this 
geometry.  The equation for the type III stress for this geometry is very similar in form to 
equation 3.14, but with a few changes to account for the new geometry.  Once again, the 
two t terms in the denominator represent the distances between the dislocation and the 
two free surfaces at x=±R.   The type III stress for this geometry is given by 
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Equations 3.28, 3.31, and 3.33 can be combined to determine the spontaneous 
stress acting on the dislocation as a function of x for spherical nanoparticles with 
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diameters of 20nm and 400nm (Figure 3.10). Figure 3.10 shows that the spontaneous 
stress on the dislocation starts as negative and then turns positive about two-thirds of the 
way through the nanoparticle.  As expected, the largest spontaneous stresse  are near the 
nanoparticle surface. 
 
3.2.2 Deformation Twinning In Nanoparticles 
 
One of the exciting developments in the field of nanocrystalline metals has been 
the discovery of novel deformation mechanisms that become active only at small grain or 
crystal sizes. In this regard, the deformation of high stacking fault energy (SFE) face-
centered-cubic (FCC) nanomaterials, such as aluminum (Al), is an especially interesting 
case. Owing to the fact that Al has a high SFE (140 mJ/m2), it is widely known that for 
microcrystalline Al perfect dislocation are prevented from dissociating. As a 
consequence, partial dislocations, stacking faults and deformation twins are typically 
absent in microcrystalline Al. Despite these predictions, Chen et al. [7] has recently 
shown high-resolution electron micrographs showing deformation twins in 
nanocrystalline Al. Furthermore, molecular dynamics simulations of deformation of 
nanocrystalline Al, by Yamakov et al. [60], also give evidence for the formation of 
deformation twins and stacking faults.  Therefore, it seems that the fundamental 
mechanisms of deformation changes when Al crystals are reduced to the nanoscale. 
Beyond this apparent mystery, a more detailed knowledge of deformati n 
behavior in nanoscale materials is also relevant for addressing the nanoindentation of 
nanostructured pillars [11, 12, 14, 17, 94]. Interesting effects are seen in this length scale, 
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in particular an increase in yield strength and novel plastic–elastic transitions. Evidence 
of dislocation motion is uniformly witnessed during submicron-compression 
experiments. In trying to understand these deformation experiments in nanopillars, 
molecular dynamics simulations have been performed, often showing evidence of 
Shockley partial dislocations gliding [19, 97, 98]. 
It is the purpose of this section to offer a plausible model for the increase in 
occurrence of stacking faults and deformation twins in nanoparticles of high SFE, such as 
Al. The ideas developed herein also provide an insight into the deformati n of any FCC 
metallic nanoparticles and nanopillars. As a first approach, we will solely consider the 
case of metallic individual nanoparticles, free of oxides. Bulk nanocrystalline metals will 
not be considered in this analysis. 
 
Heterogeneous Dislocation Nucleation in an Infinite Particle 
Consider a dislocation-free semi-infinite crystal subjected to a large shear stress 
parallel to one of its slip systems. The shear stress τ acts as a driving force for dislocation 
nucleation. Although the homogeneous nucleation of perfect and partial dislocations in an 
infinite particle is conceivable, it is more likely that dislocation nucleation will occur at a 
pre-existing heterogeneity, such as a surface ledge or a surface without pre-existing steps 
or ledges. To address either situation, the simplest approach is to consider the nucleation 
of a half-loop of radius, r, at the heterogeneity. In the case of a surface ledge, the 
nucleation of the dislocation half-loop will reduce the length of the sep, for which the 
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where bperfect is the Burgers vector of a perfect dislocation, η is the interfacial energy per 
unit length of the surface ledge, which is given by η=Φbperfect, and Φ is the solid/vapor 
interfacial energy. W is the strain energy per unit length of dislocation given by [105] 
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where ν is Poisson’s ratio, µ is the shear modulus and c is the core cut-off parameter. In 
this case, r refers to the distance between the dislocation line and the particle’s surface. 
Therefore, for the case of a half-loop heterogeneously nucleating on the surface, r is 
equal to the loop radius. Proximity to the surface of the crystal lowers the energy of the 
dislocation due to image stress interactions. The corresponding equation for the 
heterogeneous nucleation of a partial dislocation loop can be given as 
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where bp is the Burgers vector of a partial dislocation, γ is the stacking fault energy and 
the other symbols have the same meaning as before. Note that there is no trailing partial; 
the leading partial moves into the crystal creating stacking fault over the entire area it 
sweeps. In the case of heterogeneous nucleation at a surface with no pre-existing steps or 
ledges, the nucleation of a dislocation half-loop involves the formation of a step of 
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magnitude equal to the Burgers vector of the perfect or partial dislocation that nucleated. 
Thus, in this case, the terms 2rη and 2rη’  in Equations (3.32) and (3.34) are positive.  
Equations 3.33 and 3.35 are used to evaluate the Gibbs free energy of nucleation of 
perfect and partial dislocations in Al and Cu infinite particles at various stresses (Figure 
3.11).  
 
Effect of Particle Size on the Heterogeneous Nucleation of Dislocations 
If the crystal size is reduced to the nanometer scale, the nucleation of a disl c tion 
half-loop will be increasingly affected by the presence of nearby surfaces. As a 
consequence, the assumption associated with an infinite crystal size becomes increasingly 
invalid. Therefore, in the nanoscale regime, it is vital to take into account the effect posed 
by the nearby free surfaces. In other words, there are image forces acting on the 
dislocation half-loop. As a crude approximation, the image force per unit length acting on 
the dislocation loop can be written as 
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where x is the distance between the free surface and a unit length of the dislocation half-
loop. In general, this force tends to move the dislocation line towards any nearby surface. 
If the nucleation of a half-dislocation loop occurs at the edge of the nanoparticle (i.e. the 
nucleation is heterogeneous), two image forces need to be considered: (i) the image force 
working against the growth of the loop associated with the surface where the dislocation 
nucleates (discussed above and represented by W and Wp for perfect and partial 
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dislocation half-loops, respectively) and (ii) the image force associated with the surface 
away from the dislocation line, which attracts the half-loop towards the surface. In the 
case of nucleation at a surface ledge, the equations analogous to (3.32) and (3.34) are  
 
∆  &]  2 &d  2&e  2  !21  ! "# $%  &% '                                                   3.37 
 
∆  &]̂  2 &^ d  2 &  2&e^  2  !21  ! "# $%  &% '                             3.38 
         
As before, for the case of heterogeneous nucleation at a singular surf ce, the terms 2rη 
and 2rη’  in Equations (3.37) and (3.38), respectively are positive. Although Equations 
(3.33-3.38) must be regarded as approximate solutions, they do lead to two c nclusions: 
(i) for very small dislocation loop radius, the strain energy term do inates. As a result, a 
partial half-loop, with its lower strain energy, has a preferred advantage for nucleation 
and (ii) image forces present in nanoparticles reduce the energy ba rier for nucleation of 
dislocations in surface ledges, in particular partial dislocations, while increasing the 
barrier for heterogeneous nucleation at particle surfaces. Equations 3.37 and 3.38 are 
used to evaluate the Gibbs free energy of nucleation of perfect and partial dislocations in 
Al and Cu particles with various sizes at different stresses (Figures 3.12, 3.13).  By 
finding the maxima of Figures 3.12 and 3.13, the critical sizes for dislocation loops 









Ag nanoparticles, provided by NovacentrixTM with a nominal size of 35nm, were 
used for the nanoindentation experiments for two reasons: 1) Ag does not readily form a 
native oxide. The absence of an oxide layer is very important because it can greatly affect 
the overall mechanical properties, particularly at the nanoscale, where the thickness of an 
oxide layer becomes a significant fraction of the overall sample dimensions. 2) Ag has an 
FCC structure. As most of the previous experiments and simulations done on the 
nanocompression of metals have focused on FCC materials, the use of Ag allows for a 
direct comparison between the experiments presented in this chapter and the results 





The Ag nanoparticles were affixed to a metal wire by dry dipping.  Both W and 
Cu wires were used in dry dipping.  In dry dipping, the wire is held by tweezers and 
dipped directly into a dry powder of nanoparticles.  During this process, the particles 
adhere to the wire due to Van der Waals forces.  The wire supporting the Ag powder is 
then inserted into the Nanofactory instruments holder (Figure 3.15), which is located 





Three different TEMs and two different sample holders were used for the 
experiments.  The diffraction contrast experiments were done in a FEI Technai X-Twin 
200 keV TEM equipped with an analytical pole piece and a Nanofactory Instruments 
TEM-NanoindenterTM sample holder. This instrument was used because the TEM-
NanoindenterTM is too thick to be used in conjunction with an ultra high resolution pole 
piece (URP).  
The TEM-NanoindenterTM sample holder has many attractive features for in-situ 
nanoindentation, including nano-Newton level force measurements.  However, the most 
important features of this holder for the nanoindentation experiments are the diamond 
probe and sub-nanometer position controls.  Force measurements were not take  during 
the experiments because the non-ideal shapes of the indenter and nanoparticle would 
make accurate estimates of the stress very difficult to determine, even if the forces were 
known. 
  The non-corrected phase contrast experiments were conducted in a JEOL 2010F 
200 keV TEM equipped with an URP and a Nanofactory Instruments STM-TEMTM 
specimen holder.  The STM-TEMTM holder is similar to the TEM-NanoindenterTM 
holder, except for the fact that does not have force measurement capabilities and it is 
thinner than the TEM-NanoindenterTM, thereby fitting an URP.  The TEM-STMTM holder 




Probes for the specimen holder were made by electropolishing W wire.  The 
electropolishing geometry is shown schematically in Figure 3.16.  A tungs en wire was 
suspended vertically in a dish of KOH with a loop of gold wire in it.  The tip of the wire 
was protected with a cap of nail polish and a DC current was run throug  the system.  
Close attention was paid to the nail polish cap, so that when the cap fll off, the current 
was immediately stopped.  Subsequently, the probe was carefully removed. 
Finally, aberration-corrected in-situ TEM nanoindentation experiments were 
conducted on a double-corrected JEMS 2200 200 keV microscope at Brookhaven 
National Laboratory.  The JEMS 2200 microscope is equipped with a URP and therefore 
can accommodate the STM-TEM holder.  Additionally, for the aberration-corrected 
nanocompression experiments, tungsten probes were purchased from Zyvex Instruments.  
The nanocompression experiments were conducted in TEM mode.  
 
Experimental Procedure for In-situ Diffraction Contrast TEM Nanoindentation 
For the diffraction contrast in-situ nanoindentation experiment, the transmitted 
beam was selected using the smallest available aperture.  The probe and the sample were 
brought close to one another and the image wobbler was used to make sure the 
nanoparticle and the indenter were both in the focal plane.  This is done by first making 
sure the nanoparticle is in focus using the TEM stage z-axis control a d then using the 
probe z-axis controls to make sure the probe is in focus as well.  Because the sample and 
the probe are both in the focal plane they are expected to make contact if the tip of the 
probe is translated toward the nanoparticle. 
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Upon contact, no effort was taken to measure the forces of contact or the strain 
rate, for the reasons that were discussed above.  Instead, an image was captured on the 
CCD camera.  The strain on the nanoparticle was incrementally increased by translating 
the probe into the sample.  After each increment, an image was captured on the CCD 
camera.  After the particle had undergone a significant amount of strain, the probe was 
translated away from the sample and an image was captured after the probe and the 
sample were no longer in contact. 
 
Experimental Procedure for In-situ Phase Contrast TEM Nanoindentation 
The probe and sample alignment procedure is identical to the phase contrast 
experiments. However, an additional concern for phase contrast nanoindentation 
experiments is the size of the particles.  If the particle is too thick, the phase object 
assumption for high resolution imaging is violated, and imaging becomes more complex.  
Therefore, particles with diameter of less than 20nm are ideal. 
The procedure for the actual nanoindentation in phase contrast mode is also very 
similar to the procedure for the diffraction contrast experiments.  However, keeping the 
nanoparticle in focus is more important in the phase contrast experiment.  After each 
strain increment the particle was re-focused and several images were taken, to ensure that 
an image at Scherzer defocus was captured.  The probe was translated away from the 
sample following the phase contrast experiment, similar to the procedure used for the 





3.3.3 Experimental Results 
 
In-situ Diffraction Contrast TEM Nanoindentation 
First, the sample and the indenter were bought into mutual focus, and an image 
was captured (Figure 3.17).  After the probe and the sample were brought into focus, the 
indenter was translated towards the sample until contact was made.  At this point, another 
image was captured (Figure 3.18).  Clearly, a contrast band appears in the nanoparticle 
(labeled A).  Due to the ambiguities involved in diffraction contrast imaging, the source 
of the contrast band is unclear without more in-depth analysis.  This analysis will be 
presented later in this chapter. 
After the initial strain was applied, the probe was translated further into the 
sample to increase the strain on the nanoparticle, while another image w s captured 
(Figure 3.19).  Here, two contrast bands can be seen (labeled B and C).  At this point, it is 
unclear if one of these contrast bands is A (shown in Figure 3.18), shifted to a new 
position, or if they are entirely new contrast bands.  It was not possible to track the 
motion of the contrast bands while the strain was increased.  
The probe was translated further into the sample, thereby increasing the applied 
strain, while another image was captured (Figure 3.20).  Three contrast bands are seen in 
Figure 3.20, labeled E, F and G.  Again, it is unclear if bands A, B or C moved to produce 
E, F or G, or if E, F, and G are entirely new contrast bands. 
The strain on the nanoparticle was increased again, by continuing to translate the 
probe into the particle and another image was recorded (Figure 3.21).  Three contrast 
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bands labeled H, I and J can be seen.  As before, the relationship of tese new contrast 
bands to the contrast bands in the previous images is unknown. 
After Figure 3.21 was recorded, the applied strain on the particle was removed by 
translating the probe away from the sample until there was no longer contact between the 
indenter and the sample (Figure 3.22). Under these conditions, there are no visible 
contrast bands in the nanoparticle. 
The sequence of images shown in Figures 3.17-3.22 is compiled in Figure 3.23 to 
monitor the progression of the nanoindentation process.  Though the motion of the 
contrast bands was not recorded, it appears from Figure 3.23 that the contrast bands 
originate at the point of contact between the nanoparticle and the indenter, a d radiate 
outward.  
 
Uncorrected In-situ Phase Contrast Nanoindentation 
A 10nm Ag nanoparticle on a Cu support was selected for the uncorrected phase 
contrast nanoindentation experiments.  The W probe and the Ag sample were brought 
into mutual focus several nanometers away from one another.  Figure 3.24 shows the 
positions of the W probe, Ag sample and Cu support before nanoindentation.  As shown 
in Figure 3.24, the tip of the W probe is quite thin, as evident by the presence of lattice 
fringes. Also, (111) lattice fringes corresponding to the Ag nanoparticle are readily 
visible, as confirmed by the fast Fourier transform (FFT) (inset in Figure 3.24). The 
streaks along the (111) direction in the FFT reveal the presence of a twin in the 
nanoparticle. This is better observed in Figure 3.25, which is a digitally magnified 
version of Figure 3.24.  
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Subsequently, the probe was translated towards the sample until contact was 
made.  The image was re-focused and a micrograph was recorded (Figure 3.26).  A 
digitally magnified version of the same image is presented in Figure 3.27, which shows a 
terminating lattice plane, highlighted in the inset image.  This is clear evidence of the 
presence of a dislocation in the nanoparticle. 
The strain on the nanoparticle was then incrementally increased by translating the 
probe further into the sample. At this point, the image was brought into focus again and 
another image was recorded (Figure 3.28).  A digitally magnified version of this image is 
presented in Figure 3.29, which now shows two lattice planes terminating inside the 
crystal (highlighted in the inset image). Because of the overlap between the probe and the 
sample, a more detailed analysis is needed to determine if the terminating planes are 
caused by the presence of dislocations. This issue will be addressed in later in this 
chapter. 
Subsequently, the W probe was translated away from the sample, such that t e 
probe was no longer in contact with the nanoparticle. At this point, the image was 
focused and another micrograph was captured (Figure 3.30).  A digitally m gnified 
version of Figure 3.30 is presented in Figure 3.31.   No terminating lattice planes are 
readily apparent. 
 
Aberration-Corrected In-situ Phase Contrast Nanoindentation 
A 17nm Ag nanoparticle was selected for aberration-corrected in-situ phase 
contrast nanocompression.  This nanoparticle is shown in Figure 3.32.  However, 
examination of Figure 3.32 reveals that there are actually two particles in the image.  The 
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rightmost particle was selected for compression due to its proximity to the probe.  It will 
be referred to as the sample for the rest of this section. As the presence of the second 
particle complicates the image in the region where the two particles overlap, care is taken 
not to draw conclusions from those overlapping regions.   
Figure 3.33 show a higher resolution image of the nanoparticle.  The use of an 
aberration-corrected TEM greatly decreases the amount of surface delocalization that 
occurs compared to an uncorrected TEM, thereby allowing a better obsvation of the 
surface structure of the nanoparticle.  A careful examination of Figures 3.32 and 3.33 
shows that the lattice planes are continuous throughout the nanoparticle.  This implies 
that there are no dislocations in the nanoparticle in its pristine state. 
After careful focusing the sample and the probe, the latter was brought into 
contact with the Ag nanoparticle.  An image was taken soon after contact (Figure 3.34).  
A digitally magnified image based on Figure 3.34 is shown in Figure 3.35.  As shown in 
these two figures, the lattice fringes are continuous in the region where there is no 
particle overlapping, implying a lack of dislocations.  
The probe was translated further towards the sample to increase the train on the 
nanoparticle (Figure 3.36). A careful examination of Figure 3.36 indicates the presence of 
lattice fringes that terminate inside the nanoparticle, corresponding to two dislocations.  
In Figures 3.37 and 3.38, the regions of the nanoparticle containing the dislocations are 
highlighted and digitally magnified. 
The strain was increased again, so that further changes in the microstructure could 
be observed. Subsequently, another image was captured (Figure 3.39). A digitally 
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magnified version of the highlighted area is shown in Figure 3.40.  The highlighted lattice 
fringes in figure 3.40 indicate the presence of a dislocation.   
The strain was decreased by translating the probe away from the sample in order 
to examine the nanoparticles in a relaxed state after deformati n (Figure 3.41).  After the 
strain is removed the lattice planes of the sample show good registry, indicating the 
absence of dislocations.  Additionally, the first monolayer of the nanop rticle increases in 







3.4.1 Dislocation Instability in 0-D and 1-D Nanomaterials 
 
Figure 3.6 show the spontaneous stress acting on a straight edge dislocation, 
present in a spherical nanoparticle.  As the particle size is decreased, the spontaneous 
stress becomes greater that the yield stress at lower values of x. This indicates that the 
stability of dislocations decreases as the nanoparticles size decr as s.  It is important to 
note that the critically resolved shear stress for Ag is 0.05MPa [120].  This is lower than 
the spontaneous stress on the nanoparticles in Figure 3.6.  This indicates that, in the 
absence of defects, dislocations are not stable in Ag particles.  Figure 3.6 also shows that, 
for small nanoparticles, type II and type III stresses are close to one another in 
magnitude.  However, this is an ideal configuration.  
A more realistic representation is to consider the nucleation of a dislocation half-
loop at a free surface of an infinite sample.  The spontaneous stres es on a dislocation 
half loop in a semi-infinite foil are shown in Figure 3.8.  Two curves are shown - one 
related with the creation of a surface step and the other one associated with the 
elimination of a surface step.  The values of the two lines are fai ly similar to one 
another, which imply that the type I stress is low compared to types II and III stresses for 
this material and geometry. The values shown in Figure 3.8 represent the s resses that 
must be overcome by the applied stress to nucleate and propagate a dislocation through a 
semi-infinite foil.  In other words, a positive stress with a magnitude that is greater than 
the spontaneous stress is required to increase the size of the dislocation loop. 
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For a dislocation loop with radius zero (r=0), the applied stress can be thought of 
as the stress required to nucleate the dislocation at the free su face.  It is important to 
notice that this is the highest stress required at any point in thefoil.  This means that if a 
constant stress high enough to cause dislocation nucleation is considered, a dislocation is 
expected to nucleate and glide away from the nucleation site. On the other hand, if a 
constant displacement is considered, large enough to induce enough stress to nucleate a 
dislocation, the expected behavior will be very different. In this ca e, as the dislocation 
glides, it accommodates the applied stress and strain that are causing its motion.  
Eventually, the strain is no longer enough to cause sufficient stress for the dislocation to 
continue gliding.  At this point the dislocation will stop moving.  As long as the initial 
displacement is held constant, the dislocation is expected to remain stable and stationary. 
In addition, if the indenter is removed, the dislocation will be subjected to a large 
spontaneous stress pulling it towards the surface of the semi-infinite foil. If the 
dislocation is somewhat close to the free surface, this stress is typically larger than the 
stress required to initiate glide.  Therefore, the dislocation w uld move back to the free 
surface and annihilate there.  This is an important result, because it indicates that 
dislocations can behave reversibly in certain-situations.  Furthermore, it implies that to 
use this reversible behavior as a way of distinguishing between b nd contours and 
dislocations [104] is not appropriate because for some nanoparticle geometri s, both 
dislocations and bend contours act reversibly. 
Let us now address the spontaneous stresses acting on a dislocation half-l op 
present within a finite nanoparticle (Fig. 3.10).  The results are omewhat similar to those 
exhibited by the semi-infinite foil (shown in Figure 3.8), except for the presence of 
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positive stresses near the nanoparticle’s free surface at x=+R. As the dislocation 
approaches the free surface at x=+R, the type III stress from the image force becomes 
sufficient to pull it to the surface where it is annihilated. It is instructive to consider the 
behavior of a half loop dislocation in a spherical nanoparticle under constant stress and 
constant strain.  As in the case of the semi-infinite foil, the required stress for the 
dislocation loop to glide is highest at the surface.  Therefore, if the constant stress is large 
enough to nucleate a dislocation, the dislocation will continue to glide across the 
nanoparticle, all the way to the other surface, and will be annihilated at the x=+R surface. 
For the case of a constant displacement, the situation is less straightforward.  In 
this case, the behavior of the dislocation depends on the magnitude of the displacement. 
There are three ranges, which are important to discuss: 1) the displacement is too small to 
nucleate a dislocation.  In this case, the material responds elastical y and no dislocations 
are generated.  2) The displacement is high enough to nucleate a dislocation, but not 
enough displacement to cause the dislocation to glide past the point where the 
spontaneous stresses become positive.  In this case a dislocation is nucleated and glides 
until it accommodates the applied strain to the point were the stress on the dislocation is 
no longer sufficient to sustain glide.  3) The displacement is large enough to cause the 
dislocation to glide into the range where the surface of the nanoparticle, opposite to the 
surface where dislocation nucleation took place starts to dominate the total spontaneous 
stress.  When this occurs, the spontaneous stress pulls the dislocation in the same 
direction as the applied stress.  This causes the dislocation to become unstable, leading to 
its ejection towards the nanoparticle surface, opposite to where t  dislocation nucleated.  
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In this fashion, the spontaneous ejection of dislocations can lower the stress, possibly 
leading to pop-in effects seen by some researchers [104]. 
Figure 3.10 also shows that the dominant spontaneous stress changes as th  
dislocation half-loop’s position changes.  The figure shows that, very close to the 
surfaces, the type III stress dominates, but for much of nanoparticle it is the type II stress 
that is dominant. 
On the basis of the above discussion on the behavior of dislocations in 0-D 
nanomaterials, can we now also answer how do dislocations behave in single-crystal 1-D 
nanomaterials?  This issue can be easily addressed.  The theoretical model and all three of 
the geometries considered above can be adapted to nanowires and nanopillars by 
changing the profile of the slip plane that is considered.  For instance, if the indentation in 
a cylindrical nanopillar is considered, and the slip plane makes an angle of 45° with the 
normal of the cylinder, then the shape of the slip plane will be giv n by the cylindrical 
section of a plane intersecting the cylinder at 45°.  If this profile is used instead of the 
circle used in case 1 and case 3 from section 3.2.1, then the spontaneous str sses for a 
cylindrical nanopi1lar can be found.   
 
3.4.2 Deformation Twinning in 0-D and 1-D Nanomaterials 
 
Calculations on the energy required to nucleate heterogeneously a perfect and a 
partial half-loop of various loop sizes (Equations 3.34 and 3.36) for infinite size particles 
were performed for the FCC metals Al and Cu. The material constants used for the 
calculations are given in Table 3.1. For the perfect and partial dislocations, a/2<110> and 
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a/6<112> were used, respectively. The results of these calculations re shown in Figure 
3.11 for two levels of applied stress, namely τ =800MPa and τ =1GPa. This range of 
stresses is selected because of its significance for mechanical tests and computer 
simulations. 
Figure 3.11 considers a semi-infinite crystal that has a free surface but extends 
infinitely in the other direction. Figure 3.11 shows that, for a particular applied stress, 
perfect dislocation half-loops are more easily nucleated in Al than in Cu in this semi-
infinite geometry. This trend is shown by the smaller critical loop radius and by the lower 
critical Gibbs free energy of nucleation in Al (Figure 3.11c and d) than in Cu (Figure 
3.11a and b). For higher applied stresses, the critical loop radius and the critical Gibbs 
free energy of nucleation decreases for both metals, but the trend is conserved. An 
interesting result from these calculations regards the behavior of partial dislocation half-
loops. As depicted in Figure 3.11a, equilibrium partial dislocation half-loops are unstable 
in aluminum for applied stresses of 800MPa. This is a consequence of the fac  that Al has 
high-stacking fault energy and thus, partial dislocation loops collapse before reaching a 
critical size. 
However, an increase in the stress level from 800MPa to 1GPa (Figure 3.11b), 
facilitates and enables the nucleation of partial dislocation lo ps with a critical loop 
radius rc=17nm.  Despite this fact, the nucleation of partial dislocation loops in Al is still 
less likely to occur than the nucleation of perfect dislocation lo ps, as confirmed by the 
smaller critical perfect dislocation loop radius and the lower Gibbs free energy of 
nucleation for perfect dislocations (Figure 3.9c and d). In contrast to the behavior of Al, 
the nucleation of partial dislocation loops in Cu, for stresses of 800 MPa, is likely to 
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occur (Figure 3.11a). This is a direct result of the lower stacking fault energy of Cu. At 1 
GPa, the critical radius for nucleation of partial and perfect dislocation loops in Cu is 
practically identical. 
Let us now consider the effect of two free surfaces on the energy r quired to 
nucleate a perfect and a partial dislocation half-loop as a function of loop size and 
nanoparticle size. The calculations were performed for the FCC metals Al and Cu, using 
the same physical parameters described in the previous section and using Equations 3.38 
and 3.39. Figures 3.12 and 3.13 show the results for nanoparticles of Al and Cu with sizes 
of 50, 25 and 10 nm, for applied stresses of 800MPa and 1 GPa, respectively. For both 
materials, partial dislocations nucleate more readily in smaller nanoparticles. Figures 3.12 
and 3.13 also show that partial dislocation loops are much more readily nucleated in Cu 
than in Al for both regimes of stresses. A very different behavior is observed for the 
perfect dislocation loops. First, the barrier for nucleation of perfect dislocation loops in 
Al and Cu does not seem to change with reducing the particle size from 50 to 10 nm. In 
addition, the nucleation of perfect dislocation loops seem to occur morereadily in 
nanoparticles of Al rather than Cu (Figures 3.12 and 3.13), a tendency observed earlier 
for semi-infinite size particles (Figure 3.11). 
From all these calculations, the most striking result is associated with the metal 
Al. As shown in Figure 3.13, partial dislocation half-loops are unstable in large size 
particles. However, for nanoscale particles the critical dislocation radii and critical Gibbs 
free energy for partial dislocation loops to nucleate are significa tly higher (Figure 3.12). 
This effect is more clearly seen in Figure 3.14, which shows the activation energy for 
nucleation in Cu and Al for the two levels of stress considered before. For both metals, 
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the influence of downscaling particle size is to favor the nucleation of perfect and partial 
dislocations and reduce the difference in activation energy for nucleation between partial 
and perfect dislocations. For the case of aluminum the latter effct is very significant. 
While for large particle sizes, partial dislocations are unlikely to occur due to the high-
activation energies required, for nanoparticles the activation energy for the nucleation of 
partial dislocations is substantially reduced allowing these def cts to compete with the 
nucleation of perfect dislocations. 
Although these calculations suggest that perfect dislocations should be more 
probable than partial dislocations in Al, any partials that do form are more likely to be 
noticed during TEM examinations. If a perfect loop is nucleated in a nanoparticle, it is 
very likely to move to a free surface where it will leave, at most, a step on the surface and 
remain effectively absent by conventional post-mortem TEM techniques. However, if a 
partial loop nucleates and sweeps across the crystal, it leaves behind a stacking fault that 
will be visible in TEM images. Once a single stacking fault is created, a constant stress is 
likely to nucleate (i) trailing partials or (ii) partials on adjacent planes. If a trailing partial 
nucleates, it will sweep the entire crystal and eliminate the stacking fault. On the other 
hand, partial dislocations on adjacent planes are likely to result in the growth of 
deformation twins. All this implies that if a polycrystalline body is deformed and then 
observed in a TEM, a few grains may be observed to contain stacking faults or twins, 
even though many more grains were actually deformed by the passage of perfect 
dislocations. This may explain the results of Chen et al. [7] and other researchers who 




The model developed above also provides significant insight into the behavior of 
materials during nanoindentation. In particular, molecular dynamics smulations 
commonly show the formation of Shockley partial dislocations during the
nanoindentation process [19, 97, 98]. However, due to the intense computational 
requirements of MD simulation, the nanopillars simulated are much smaller than the ones 
tested. According to the model presented in this dissertation, these MD simulations seem 
to be correct, leading to the conclusion that partial dislocations are likely to occur for 
sample sizes used in the MD simulation and unlikely to occur for larger sample sizes 
used for mechanical testing. 
Finally, it is important to emphasize that the calculations preented here are based 
on simplified models and cannot be expected to be truly quantitative. Simplifications 
include idealized geometries, continuum dislocation theory, and equilibrium energies. By 
simplifying the problem, it has been possible to identify several ssential features and 
trends associated with dislocation nucleation and consequent plastic deformation of 
nanocrystalline metals. 
 
3.4.3 TEM Nanoindentation Experiments 
 
To further support the hypodissertation on dislocation instability and to test the 
analytical models developed earlier in this chapter, two types of TEM nanoindentation 
experiments were done, one using diffraction contrast and the other using phase contrast.  
The goal of these experiments was to induce dislocations in single crystal nanoparticles 
and observe their behavior in-situ.  Specifically, we wanted to determine a) whether 
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dislocations were able to nucleate in nanoparticles subjected to an applied stress and b) 
whether nucleated dislocations would be stable after the strain was removed. 
 
Diffraction Contrast Experiment 
The results of the diffraction contrast experiments were shown earlier in section 
3.3.3.  In order to understand these experiments it is crucial to determine the cause of the 
contrast bands, shown in Figures 3.18-3.21. 
In diffraction contrast TEM, contrast bands can be caused by four different 
mechanisms, namely thickness fringes, stress contours, bend contours, and dislocations.  
The first three are artifacts based on the fact that elastic strains change the diffraction 
properties of the crystal lattice.  Although some of these artifacts could be ruled out by 
setting the appropriate conditions in the TEM, the delicate nature of the experimental 
setup used in this dissertation did not allow such a procedure.  In particular, it was not 
possible to tilt the sample, such that images of the dislocation under various g-conditions 
could be taken.  The reason for this was that tilting caused far too much mechanical 
vibration in the instrument, which could destroy the probe or the sample, and/or translate 
the sample from the experimental area. 
On this basis, each of the possible artifacts must be investigated and ruled out 
before it is possible to confirm the presence of dislocations.  Let us s art with the effect 
caused by thickness fringes, which are due to changes in the crystal thickness.  Figure 
3.42 shows a schematic diagram of how thickness fringes are formed.  The fraction of 
electrons diverted to any reflection g is a function of the thickness of the sample.  If the 
sample changes in thickness, changes in the fraction of electrons reflected to g can lead to 
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bright-dark-bright contrast variations.  This transition is characte ized by the extinction 
length, which for g=111 in Ag at 200 keV is 35nm.  This means that there is a change in 
thickness of 35nm for every contrast band seen.  However, Figures 3.20 and 3.21 show 
three coexistent contrast bands within the nanoparticle. This requires a nanoparticle of at 
least 105nm thick.  The particle tested in the diffraction contrast experiment was only 
50nm in diameter, which confirms that thickness fringes could not be the cause of the 
contrast bands seen in the diffraction contrast experiment. 
The second possibility for the presence of the contrast bands are stress contours 
caused by variations in spacing between planes due to deformation of these planes. For 
example, if a crystal is being compressed normal to the (111) plane, and the (111) 
reflection was nearly excited, the (111) reflection can become strongly excited when the 
crystal is compressively strained.  This can happen under relatively small strains. 
However, to excite the next co-linear reflection, namely the (222) reflection, the particle 
would need to undergo a 50% elastic strain, which is not possible for a metal.  Therefore, 
the existence of stress contours as the cause of the contrast bands can be ruled out. 
We are now left with the possible effect caused by bend contours, which may 
occur when elastic bending of the lattice planes changes the diffraction conditions of the 
sample.  A schematic diagram showing how bending contours are formed is given in 
Figure 3.43.  Bending of the sample changes the angles between the bended planes and 
the electron beam, causing planes to go in and out of the Bragg condition.  This causes 
bands of dark and light contrast.  To calculate the total deflection required to produce 
three bend contours, a simple calculation can be done.  Because the (111) planes of an 
FCC material have the smallest Bragg angle, bending of the line normal to a (111) plane 
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is the optimal case for bend contour formation.  It is assumed that this is the case. For a 
material to produce three contours, it must be bent through the Bragg diffraction angle 
three times.  This angle can be calculated using Bragg’s law, given by 
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where n is an integer, λ is the wavelength, d is the planar spacing and θ is diffraction 
angle.  Considering the (111) plane of Ag and an accelerating voltage f 200 keV, the 
amount of bending was found to be ~27.5mrad. To calculate the forces required to form 
bend contours caused by a 27.5 mrad bending, a cantilevered sphere was considered.  
However, as solving for the bending of a sphere analytically is difficult, a numerical 
solution was used.  The sphere was approximated by a series of disks and the individual 
deflections were summed to determine the sphere’s total deflection. A schematic diagram 
is shown in Figure 3.44.  Mathematically, this can be expressed by a series of equations, 
given by  
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where h(x) is the height (radius) of the disks, R is the nanoparticles radius and x is the 
distance along the central axis of the nanoparticle.  Equation 3.41 gives the moment of 
inertia, I of a single disk. Equation 3.42 expresses the angle of dflection for a disk, 
where t is the thickness of the disk, F is the force on the disk and E is the modulus of 
elasticity.  Finally, equation 3.43 gives the total angle of deflection for the sphere.  The 
variable θdisk is the amount of bending in a single disk and the variable i represents th  
number of disks. 
Equation 3.44 was used to calculate the applied bending force required to cause 
three bend contours in a 50 nm nanoparticle. The result is ~890nN, which corresponds to 
a stress of ~0.45GPa.   The direction of the stress causing the bending is normal to the 
plane of the TEM images, otherwise it would not change the angle between the (111) 
planes and the beam.   
The required stress of 0.45GPa is high, but not completely unreasonable.  The 
stress applied by the probe can be thought of as a combination of two components.  One 
component is in the plane of the image and does not contribute to bend contours becau e 
it does not change the angle between the electron beam and the (111) planes.  The second 
component is normal to the image plane and this contributes to the bend contours by 
bending the normal direction of the (111) planes causing changes in the angle between 
the planes and the electron beam. 
 The misorientation angle between these stresses can be calculated from the 
magnitudes of the two components.  The stress applied is assumed to be between 2 and 6 
GPa based on previous results of nanocompression experiments performed n Ag 
nanopillars [93]. For stresses in this range, the angle of misorientation is within 4-13°.  
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Assuming dislocation nucleation to occur at ~2.7GPa, as was seen in s ct on 3.2.1, this 
means that the angle of misorientation should be closer to 13° for the three bend contours 
to form before a dislocation was nucleated.  This misorientation angle is high, but still 
possible. 
An entirely separate but important issue concerning the formation of bend 
contours in this experiment is the particles mechanical stability while it is subjected to the 
bending force.  A large out of plane stress would be expected to cause the nanoparticle to 
slide or roll across the support.  For our bending calculations, we have assumed that the 
nanoparticle was fixed firmly to the support at the point marked by x in Figure 3.44.  
However, this is not necessarily the case. Assuming Van der Waals bonding to exist 
between the nanoparticle and the support, the strength of the Van der Waals force can be 
calculated according to [106]: 
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where A is the Hamaker constant, R is the radius of the nanoparticle and D is the 
separation between the nanoparticle and the support.  Since the support and the 
nanoparticle are considered to be in contact, D is approximated to 2Å.   The value of the 
Hamaker constant for condensed phases are in the range of 0.4-4 10-19J. This gives Van 
der Waals forces within a range of 0.83-8.3 10-19N, which correspond to stresses of 0.42-
0.16 Pa.  This calculation makes it very clear that Van der Waals bonds holding the 
particle to the support will be unable to withstand the bending forces required to form the 
bend contours.  This finding was confirmed during some of the experiments.  The probe 
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was translated towards the support and moved laterally, causing the nanoparticle to move 
sidewise across the support. 
These considerations imply that the formation of bending contours by the 
cantilever beam method is unlikely.  However, it is possible to imag ne a situation where 
the nanoparticle was somehow wedged in a ditch in the support, or something similar. 
Additionally, bend contours could have also arisen from a local rotation of the 
nanoparticle lattice caused by strain due to nanoindentation.  In this case, the 
nanoindentation procedure has a similar geometry to a Hertzian contact. I  Hertzian 
contact, the material experiences a highly anisotropic stress state that could lead to 
rotation of the solid element in the nanoparticle.  The rotation of these solid elements 
could change their diffraction conditions and cause band contrast in themag s.  While 
elasticity theory can be used to calculate the rotations of individual parts of a solid, this 
requires a complete solution for the displacements in the solid.  Unfortu ately, Hertzian 
contact theory does not have a closed form analytical solution.  The investigation of 
bending contours caused by this mechanism would require extensive original 
computational modeling. Calculations of this type are outside the scope of the 
dissertation. 
 
Uncorrected Phase Contrast Experiment 
Phase contrast nanoindentation experiments were done to eliminate the 
ambiguities associated with the diffraction contrast experiments shown earlier in this 
chapter.  The results of these uncorrected phase contrast experiment are shown in Figures 
3.24, 3.26, 3.28, and 3.30.  Though the dislocations are readily apparent in the images,
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additional analysis is necessary.  Because the indenter was also electron transparent, it is 
first necessary to confirm that the terminating lattice fringes seen in the micrographs are 
not due to Moiré fringes.  This was done by Fourier filtering using the Gatan Digital 
Micrograph software. Two types of Fourier filtered images were created.  One was 
created using only the prominent (111) spots from the image, while the other was made 
using a ring with a radius equal to g111.  In each case, special care was taken to exclude 
the g vector from the W probe.  The results of Fourier filtering are shown in Figures 3.46-
3.50.   
The Fourier filtering images shows clearly that the terminating lattice fringes 
from Figures 3.46 and 3.47 are not Moiré fringes caused by the W indenter.  This is an 
unambiguous confirmation of the presence of dislocations in a nanoparticle.  The results 
of Fourier filtering of Figure 3.29 are a little more difficult to interpret. If the lattice 
planes shown in Figure 3.48 are traced from right to left, it can easily be seen that two of 
the planes terminate inside the crystal, indicating the presence of dislocations.  However, 
if the planes neighboring these apparent dislocations are followed farther, a new plane 
can be seen.  These are shown by the insets in 3.48 and 3.49.  This may indicate that the 
apparent dislocations are actually continuous planes and that their apparent termination 
was caused by overlap with the W probe. 
Because of this continuing ambiguity, a more advanced Fourier filtering p ocess 
is used.  In this procedure, a Fourier filtered image was produced from Figure 3.29 using 
an array of FFT spots (Figure 3.50).  The rightmost apparent dislocation appears clearly 
in Figure 3.50, indicating the presence of an actual dislocation.  The leftmost apparent 
dislocation from Figure 3.29 is associated with the terminating half plane in the opposite 
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direction in the filtered image presented in Figure 3.50.  This could indicate the presence 
of a third dislocation, but it could also indicate that the crystallographic plane associated 
with the leftmost terminating lattice fringe is continuous, and that he terminating lattice 
fringe seen in the image is an artifact. 
Now that that the presence of dislocations has been confirmed in the nanoparticles 
subjected to nanoindentation, it is necessary to discuss the characteristics of these 
dislocations.  Let us start by looking into (111) interplanar spacing seen in Figure 3.27 
and Figure 3.29, which is 0.236nm.  This would imply a Burgers vector of the type 
a/2(111) for the dislocations observed.  However, FCC metals, such a  silver are known 
to have Burgers vectors of type a/2(110) for perfect edge dislocations and a/6(112) for 
partial dislocations.  What is the reason for this discrepancy? First, it is important to 
consider that in FCC crystals the (110) reflections violate the extinction conditions.  
Therefore, (110) fringes are not seen in FCC crystals.  How w uld the a/2(110) Burgers 
vector be expressed in a FCC crystal?  Figure 3.51 shows how an a/2(110) Burgers vector 
might affect (111) lattice fringes. 
If a strong set of (111) fringes is imaged, the larger a/2(110) Burgers vector will 
be projected onto the (111) fringes.  A terminating fringe will still be seen because the 
(110) interplanar spacing is larger than the (111) spacing.  However, there will be several 
out of plane distortions associated with the terminating (111) fringe.  Most notably, the 
(111) planes adjacent to the terminating (111) planes will be deformed in an asymmetric 
manner.  To better understand this situation, let us define the following: the points where 
the two lattice fringes adjacent to the terminating lattice fringe begin to move towards 
one another will be referred to as the lattice fringe’s elbow fr the purposes of this 
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dissertation.  These elbows are indicated in Figures 3.27 and 3.29.  Thus, if t e Burgers 
vector of the dislocation was on the (111) planes parallel to the electron beam (111 lattice 
fringes observed in the images), the elbows would be expected to be symmetric around 
the terminating lattice fringe. As shown in Figure 3.27 and Figure 3.29, this is clearly not 
the case. In fact, a close inspection of the dislocations in Figures 3.27 and 3.29 indicate 
that the deformed lattice fringes immediately around the dislocation core are not 
symmetrical.   
The intersection of the slip plane and the image plane can be found by drawing a 
straight line through the dislocation core and the elbows of both neighboring lattice 
fringes.  Consider the elbows to be the points where the lattice fringes begin to bend 
considerably.  This is done for figures 3.27 and 3.29 and the results are shown in figures 
3.52 and 3.53.  Figures 3.52 and 3.53 clearly show that the slip planes of the dislocations 
are not at a right angle with the lattice fringes.  Furthermore, the slip plane in the first 
image is at a different orientation with the slip planes of the dislocations in the second 
image. 
Because the nanoindenter is shown in the images and the general direction of the 
nanoindenter motion is known, Figures 3.52 and 3.53 can be used to determine the 
direction of motion of the dislocations, as well as their origins.  Thus, in Figure 3.52, 
which corresponds to Figure 3.27, the slip plane of the dislocation does not appear to 
intersect any crystalline defects besides the dislocation itself and the particle’s surface.  
This implies that the dislocation nucleated either homogeneously inside the crystal, or 
heterogeneously at the nanoparticle surface.  Of these two possibilitie , the nucleation of 
the dislocation at the surface is believed to be more probable because of th  excess 
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energy available there. In Figure 3.53, which corresponds to Figure 3.29, the slip planes 
of the dislocations intersect the surface, the dislocation and the twin.  Twin defects in Ag 
have been known to emit dislocations readily under applied stress [107, 108], so it is 
possible that the dislocations both originated at the twin.  Proposed mechanisms for this 
behavior are similar to the mechanism for the CHPE proposed by Li on the nucleation of 
dislocations from surface steps [109]. 
These results are also very significant to the nanocompression of naopill rs.  The 
mechanism of deformation remains elusive in the study of nanocompression in 
nanostructured pillars because of the inability to resolve and study in ividual 
dislocations.  Therefore, there has been an inability to determine the source of 
dislocations in these experiments, a flaw that has made theoretical modeling of the 
nanocompression experiments very difficult.  The above discussion demonstrates that, at 
least in nanoparticles, dislocations can be generated from free surfaces and twins in the 
absence of Frank-Read sources. 
 
Aberration-Corrected Phase Contrast Experiments 
The aberration-corrected phase contrast experiments allow easier imaging of 
multiple lattice fringes and surface structure. As a result, the structure and behavior of 
dislocations caused by nanoindentation could be studied in greater detail. 
In order to better understand the structure of the dislocations in Figures 3.36 and 
3.39 the use of Fourier filtering is helpful.  The Fourier filtered images of all three (111) 
planes shown in Figures 3.36 and 3.39 were created using the Gatan Digitl M crograph 
program (Figures 3.54 and 3.55).  For example, if dislocation 1 in Figure 3.54 is 
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examined in the Fourier filtered images 3.54B-3.54D; an interesting observation can be 
made.   Despite the differing directions of the lattice fringes, both Figures 3.54C and 
3.55D show terminating lattice planes in the same location.  In each case the terminating 
fringes are associated with dislocation 1.  However, the lattice fringes in figure 3.54B do 
not show any deformation in the vicinity of dislocation one.  This implies that the 
Burgers vector is parallel to that (200) lattice plane. 
This triple Fourier filtering technique makes the dislocation’s origin easy to 
determine, because edge dislocations are expected to move in the direction of the Burgers 
vector.  In the case of dislocation 1 in figures 3.54A-D, it is readily apparent that the 
dislocation originated at the interface between the probe and the particle because this 
interface is intersected by the (200) lattice plane that the dislocation’s Burgers vector is 
on. 
The same procedure can be done for dislocations 2 and 3 in Figures 3.54 and 3.55.  
For dislocation 2, the terminating lattice planes appear in Figures 3.54C and 3.54D, but 
not in Figure 3.54B. This indicates that the Burgers vector of dislocation 2 is also on the 
(111) planes shown in figure 3.54B.  The direction of the Burgers vector indicates that 
this dislocation also originated at the interface between the sample and the probe.  If 
dislocation 3 in Figures 3.55A-D is examined, a similar conclusion can be reached.  
Terminating lattice fringes associated with dislocation 3 are seen in Figures 3.55C-D, but 
not in Figure 3.55B.  This shows that the Burgers vector is parallel to the fringes in 
Figure 3.35B.  By tracing the lattice fringe in Figure 3.55B that intersects the terminating 
lattice fringes in Figures 3.55C and 3.55D, it can be concluded that the dislocations 
originated at the interface between the probe and the sample. 
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 In section 3.2.1 it was stated that the pristine particle did not shw any 
dislocation defects (Figure 3.56A).  In order to support this assertion, Fourier filtering 
imaging corresponding to the pristine particle was done. Figures 3.56B-D confirms the 
lack of dislocations. Overall, the lattice fringes in Figures 3.56B-D have very good 
registry in the area where the particles do not overlap.  There are however a few cases 
where one image shows an apparent dislocation, but the same dislocation is not seen in 
any of the other images.  Because three sets of fringes were examined, any deformation 
should be seen in at least 2 of the sets of fringes.  This suggests that the terminating 
fringe is not caused by a dislocation.  For instance, increases in particle thickness can 
cause phase advancement of the exit waveform, which can lead to inversion of light and 
dark fringes.  Because the terminating fringes in Figure 3.56 occur exclusively in regions 
were the two particles overlap, this is quite likely.   
Fourier filtering was also used to analyze the nanoparticle after nanoindentation, 
which is shown in Figure 3.57. The lack of dislocations helps to confirm the theory that 
dislocations are ejected from nanoparticles spontaneously. In general, th  results of the 
aberration-corrected phase contrast experiments are clear.  Pristine nanoparticles do not 
contain dislocations, but dislocation nucleation can occur by an applied strain.  These 
dislocations tend to nucleate at the interface between the indenter and the nanoparticle.  
When the applied strain is removed, the dislocations become unstable and are ejected 














Figure 3.1: A schematic diagram of the ejection of an edge dislocation at an atomically 















Figure 3.2:  A schematic diagram of a dislocation’s line length changing as it glides 
across a nanoparticle.  As segments of the dislocation leave the crystal, the energy of the 















Figure 3.3: A schematic diagram showing how a dislocation can lower its strain energy 
by moving towards a free surface. As the dislocation approaches the grain boundary 
going from x=0 to x>0, its total strain energy is reduced becaus highly strained crystal 




Figure 3.4:  Schematic of a nanoparticle with a dislocation bisecting its cross
R is the nanoparticle’s radius, and b is the Burgers 









Figure 3.5:  A schematic diagram of the surface step for a nanoparticle that just 
ejected an edge dislocation.  The 














Figure 3.6:  Spontaneous stress vs. distance of a dislocation from the nanoparticle center 
for several spherical Ag nanoparticles with diameters of 20, 50 and 500nm.  The center of 
the nanoparticle is x=0.  The horizontal
spontaneous stress is greater than the yield stre
spontaneously ejected from the nanoparticle.  The last figure shows the 
II and III stresses in a 20nm nanoparticle.
same, in this case. 
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 line represents the yield stress of Ag.  When the 
ss, we expect the dislocation to be 
values for
  Type II and III stress are approximately the 








Figure 3.7:  A schematic diagram of a dislocation in a semi-infinite foil.  The variable τ is 
the applied stress, and r is the radius of the dislocation loop, b is the Burgers vector.  The 
direction x is parallel to the Burgers vector.  The cross-hatched area is the surface step 



































No Initial Surface Step
Initial Surface Step
Figure 3.8:  Spontaneous stress on a dislocation half loop in a semi-infinite silver foil for 
the cases were the dislocation nucleates in the absence or presence of a surface step.  The 















Figure 3.9:  A schematic diagram of a dislocation half loop in a spherical nanoparticle.  R 
is the nanoparticle radius, b is the Burgers vector, τ is applied stress, x is the slip direction 
of the dislocation, r is the radius of the dislocation, l is the length of the surface step, and t 
is the distance between the nucleation site and the base of the semicircle formed by the 
dislocation.  The variable h is radius of the dislocation half-loop and t is distance from the 




Figure 3.10:  Spontaneous stress vs. position for tw  nanoparticles, one with a 20nm and 
a 400nm diameter nanoparticle.  The position is normalized by dividing
nanoparticle’s radius.  The second plot shows the typ I, II and III stresses.  The type III 














Figure 3.11:  Gibbs free energy of nucleation for perfect and partial dislocation loops in 





Figure 3.12:  Gibbs free energy of nucleation for perfect and partial dislocation loops in 
nanoparticles of Cu ranging from 50 (a, b), 25 (c, d) to 10nm (e, f), when subject to an 





Figure 3.13:  Gibbs free energy of nucleation for perfect and partial dislocation loops in 
nanoparticles of Al ranging from 50 (a, b), 25 (c, d) to 10nm (e, f), when subject to an 



















Figure 3.14:  Activation energy for nucleation of critical size dislocation loops in Cu and 
Al for applied stresses of 800MPa and 1 GPa. 
 
 
Figure 3.15:  A schematic diagram of the Nanofactory instruments type stage used for 
phase contrast nanoindentation experiments.  The stage consists of an electropolished W 
probe (left) and a C wire (right) that was dry dipped in Ag nanoparticles.  The 
Nanofactory instruments holder can 








Figure 3.16: Setup used for electropolishing the W probe.  First, the W wire is suspended 
vertically in a bath of KOH.  
gold wire at the bottom of the bath.  As the wire is electropolished, the area that is 
directly above the nail polish but still in the bath is thinned.  Eventually, the W in the 
KOH not covered by nail polish is electropolished, and the ball of nail polish falls off.  At 




























Figure 3.18:  TEM image during initial contact with the particle.  Note the contrast band 








Figure 3.19:  TEM image captured after the probe was translated further toward the 











Figure 3.20:  TEM image captured after the probe was translated further towards the 











Figure 3.21: TEM image taken after the strain was further increased.  Three contrast 






Figure 3.22: TEM image captured after the indenter was translated way from the 
nanoparticle until they were no longer in contact.  Note the absence of contrast bands 















Figure 3.24: High resolution image captured before th start of the phase contrast 












Figure 3.25:  High-resolution TEM image of the Ag nanoparticle shown in Figure 3.24.  
Notice the twin inside the rectangle.  Twin boundaries are two dimensional defects 
between two regions of crystal that have rotated such that they hav  reflection symmetry 
about the twin plane.  This can be seen from the distortion in the lattice planes that are 
highlighted.   Also, notice that, aside from this defect the planes have very good registry, 





Figure 3.26:  High-resolution TEM image taken just after the probe was brought into 





Figure 3.27: High resolution image of 
inset image shows the presence of a lattice fringe that terminates inside the crystal, which 
indicates the presence of a dislocation.  The points were the lattices fringes adjacent to 
the dislocation begin to deform appreciably are indicated as “elbows” and are important 












Figure 3.28:  High resolution TEM image captured after the probe was translated further 
towards the sample. 
 
Figure 3.29:  High-resolution image of Figure 3.28 that was digitally magnified.  The 













Figure 3.30:  High –resolution TEM image captured after the probe was translated away 








Figure 3.31: High resolution image of figure 3.30 that was digitally magnified.  No 







Figure 3.32: Aberration corrected high-resolution TEM image of a 17 nm Ag 
nanoparticle.  This image was taken before the onset of nanocompression.  The darker 




Figure 3.33:  Aberration-corrected TEM image of Figure 3.32 at higher magnification.  











Figure 3.34: Aberration-corrected TEM image captured upon contact between th  W














Figure 3.36:  Aberration-TEM image 
into the sample.  Two areas that show the presence of dislocations, marked A and B 
respectively have been highlighted.
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Figure 3.37:  Digitally magnified view of area A from Figure 3.36.  The 
terminates in the crystal indicates the presence of a dislocation.
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Figure 3.38: Digitally magnified view of area B from Figure 3.36.  Certain lattice fringes 
are highlighted for emphasis.  The lattice fringe that terminates in
presence of a dislocation. 
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Figure 3.39: Aberration corrected TEM image captured after the indenter was translated 
further towards the sample.  An area containin
131 






Figure 3.40: A digitally magnified of image of the highlighted are of Figure 3.39.  The 
lattice fringe that terminates in the crystal indicates
132 





Figure 3.41: Aberration corrected TEM
translated away from the sample.  The length of the first monolayer is also shown by this 



















Figure 3.42:  Schematic diagram 
and Carter].  Figure 3.42A shows who the intensities of the direct beam and the diffracted 
beam change as a function of material thickness.  Figure 3.4
wedge shaped sample and Fig







showing the formation of thickness fringes [Williams 
2B schematically shows a 
ure 3.42C shows the changes in contrast caused the 
 
 
Figure 3.43: Schematic diagram of the formation of bend contours.






Figure 3.44: A schematic diagram of the numerical model for calculating 
cantilevered sphere.  A series of cantilevered disks is considered.  The sphere is 
considered to be fixed at the point marked by the blu  x, and the bending force, marked 







the bending of a 

































Figure 3.45: Deflection vs. applied force far a cantilevered Ag sphere with a 50nm 
diameter.  The horizontal line indicates the deflection required to form 3 bend contours.  





Figure 3.46:  Fourier Filtered image of Figure 3.27 made by from the all g vectors with a 
length corresponding to the (111) planes of Ag.  The inset shows the terminating plane 









Figure 3.47: A Fourier Filtered image made from Figure 3.27 using only the g vector 
associated with the prominent (111) lattice fringes from the image.  The terminating 
lattice plane in the inset is still present, confirming
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Figure 3.48: A Fourier filtered image made from Figure 3.29 by using all g vectors with a 
length corresponding to the (111) planes of Ag.  Notice that the terminating planes 
indicated in the inset are still present.  Additionally, another plane termin
also seen.  The new plane would correspond to a dislocation with an o
other two. 
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ating plane is 






Figure 3.49:  A Fourier Filtered image made from figure 3.29 using only the g vector 
associated with the prominent (111) lattice 
the terminating lattice planes that was highlighted in figure 3.29 are still present, but the 
plane reappears near the edge of the particle.  All of the terminating
the inset, 
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fringes from the image.  Notice, once again 











Figure 3.50:  A Fourier filtered image formed from i age 3.29 using an array of (111) 
type spots.  The terminating planes are shown in the inset.  This figure shows three 
dislocations.  If a Burgers circuit were done around two of the dislocations with opp
signs, there would be a zero Burgers vector.  This could imply that the terminating fringes 
were artifacts caused by either change in thickness of Moiré fringing.  Regardless, the 












Figure 3.51:  A schematic diagram of the relationship between th  image and the dislocation in 
the high resolution nanoindentation experiments.  (111) lattice fringes are imaged, but the 














Figure 3.52: TEM image showing the dislocation and its slip plane.  Notice that the slip 







Figure 3.53: TEM image showing the dislocations and their slip planes.  Notice that the 




Figure 3.54:  Fourier filtered images of figure 3.36.  Figure 3.52A is a reproduction of 
Figure 3.36.  Figure 3.54 B is a Fourier filtered image made using  the (200) FFT spots and 
Figure 3.54 C and D are Fourier filtered images made using two different sets of (111) 







Figure 3.55:  Fourier filtered images of figure 3.39. Figure 3.5
Figure 3.39.  Figure 3.55 B is a Fourier filtered image made using the (200) FFT spots and 
Figure 3.55 C and D are Fourier filtered images made using two different sets of (111) 
spots.  The terminating lattice fringe is 
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5A is a reproduction of 





Figure 3.56: Fourier Filtered images from figure 3.32.  Figure 3.56A is a reproduction of 
Figure 3.32.  Figure 3.56 B is a Fourier filtered image made using (200) FFT spots and 
Figure 3.56 C and D are Fourier filtered images made using two different sets of (111) 
spots.  The area where the particles overlap is outlined by the thick yellow line.  No 






Figure 3.57:  Fourier filtered images from figure 3.41Figure 3.57A is a reproduction of 
Figure 3.41.  Figure 3.57 B is a Fourier filtered image made using (200) FFT spots and 
Figure 3.57 C and D are Fourier filtered images made using two different sets of (111) 

























4.1 INTRODUCTION  
 
This chapter will first present a new theoretical model based on a combined 
dislocation and diffusion mechanism to explain the inverse Hall-Petch effect in 2-D and 
3-D nanomaterials.  Subsequently, the model will be applied to nanocryastalline Cu and 
Ni and the results and implications of the model will be discussed.  
A new model explaining the IHPE is necessary because recent in-situ TEM results 
have shown evidence of dislocation motion during deformation of nanocrystalline metals 
[23, 24, 26, 74, 103].  This indicates that dislocations still have an important role in strain 
accommodation.  Additionally, experiments where nanocrystalline materials were 
deformed at liquid nitrogen temperatures found a much higher post-deformation 
dislocation density than in nanomaterials deformed at room temperature [101].  The 
effect of temperature on the dislocation density implies that a diffusion process is 
contributing to dislocation elimination.  Taken together, these results trongly imply that 
both dislocation motion and diffusion are important to the deformation of 2-D and 3-D 
nanomaterials. 
Many current models consider the dislocation mechanism to be inoperative [29, 
62, 63 93] and consider grain boundary shearing process to be the active source of plastic 
deformation.  Some older models consider dislocation motion as the source of plastic 
deformation, but almost none of them consider diffusion effects [56, 57].  However, 
Malygin et al. [59] published a model that does consider a combined dislocation and 
diffusion mechanism.  Despite this approach, Malygin assumes a dislocat on forest 
cutting model for grain size strengthening. This is problematic because dislocation forests 
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are notable absent from nanocrystalline metals [37, 43, 46].  Therefore, a new combined 
dislocation/diffusion model that also takes into account the low density of dislocations 




4.2 INVERSE HALL-PETCH MODEL 
 
Dislocations are line defects with length l. From an atomistic point of view, this 
length becomes increasingly important as the material’s grain size reaches the nanoscale. 
In this model we will first assume that the nature of grain boundaries is not scale 
dependent. In fact, several investigations have revealed that the structure and width of 
grain boundaries is essentially the same for nanocrystalline mat rials and coarser-grained 
materials [111]. In addition, it will be assumed that any grain boundary exhibits a specific 
probability to absorb a dislocation, on an atom by atom basis, as the dislocation 
approaches the grain boundary.  However, instead of considering the particular 
crystallography of a grain boundary, the model proposed herein acknowledges the 
existence of distinct grain-boundary structures by assuming that each grain boundary 
exhibits its own specific activation energy for dislocation absorption. This assumption 
will be discussed later in this chapter in greater detail. 
Figures 4.1 and 4.2 schematically illustrate the mechanism considered.  Figure 4.1 
shows the dislocation approaching a grain boundary and Figure 4.2 show the uncorrelated 
dislocation atom jumps into the grain boundary that leads to dislocation absorption.  The 
proposed mechanism has all of the features required for a physical expl nation of the 
IHPE in particular, the dislocation motion seen in in-situ TEM experiments [23, 24, 26, 
74, 103] and the fact that retained dislocation density is temperature dependent. 
On the basis of Figures 4.1 and 4.2, let us assume that the probability of a 
dislocation being absorbed by the grain boundary is Pdis and the probability of an 
individual atom from the dislocation half plane making the jump is Patom. In this fashion, 
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a relatively simple analysis using a Bernoulli distribution function can be made. The 
Bernoulli function is a discrete distribution having two possible outcomes, labeled by n = 
0 and n = 1, in which n = 1 (‘‘success’’) occurs with probability p and n = 0 (‘‘failure’’) 
occurs with probability1  x, where 0 < p < 1. Thus, p is the probability of an atom 
successfully jumping into the grain boundary in a single attempt, whereas 1  x is the 
probability of an atom failing to make the jump in a single attempt. Wi h this, we can 
write for Pdis, the following expression 
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1  x}[|                                                                                   (4.1)    
 
where J is the total number of atoms on the dislocation core jumping into the grain 
boundary.  Equation 4.1 assumes that the probability of an atom jumping back into the 
dislocation after jumping into the dislocation is negligible.  A value for J can be 
determined by multiplying the atomic planar density ρ of the dislocation plane by the 
length l of the dislocation line and half the height of the grain, as shown by equation 4.2. 
 
~  2                                                                                                                           (4.2) 
 
 As the length of the dislocation line is proportional to the grain size d, the 
variable J is thus related to the grain size. N is the number of attempted jumps by 
dislocation atoms to the grain boundary during an average time I between absorption of 
dislocations. N is defined by the product of the Debye frequency ν and the timeI. Thus, 
the 1  x} term in equation 4.1 represents the chance for one atom failing to make the 
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jump after N attempts while the term 1 1  x} describes the chance of one or more 
jump attempts succeeding. The probability p is thus a modified Boltzmann factor that 
represents the chance of an atom’s single jump attempt succeeding, when assisted by a 
shear stress σ. Hence, p is given by 
 
x  )x , ∆   -  )x                                                                             (4.3) 
 
where ∆G is the activation energy for atomic migration, b is the Burgers v ctor, kB is 
Boltzmann’s constant and T is temperature.  M is thus a mobility factor. As we are 
describing the jump of atoms from the dislocation core to the grain boundary, ∆G is 
strongly dependent on the specific structure of the grain boundary, thereby implicitly 
taking into account the crystallographic nature of the grain boundary.  Therefore, for a 
real material, a range of values is expected for ∆G to account for the range of different 
grain boundary structures that are expected.  Considering M, equation 4.1 can be 
rewritten as  
 
y  1  Z1  [}|                                                                                               (4.4) 
 
From equation 4.4, immediate physical insight is possible. Because the term in the 
curly brackets is always less than 1, higher values of J will lo er the probability Pdis of a 
dislocation being absorbed by the grain boundary. Hence, the larger the grain size d, the 
larger the value of J will be, and the lower will be the probability Pdis.  Physically, the 
157 
 
reason for this to occur is that the larger J is the more atoms that must jump into the grain 
boundary for this dislocation to be absorbed.  
 On the other hand, the term in the square brackets, which represents the chance 
of all of an atom’s jump attempts failing, is also less than 1.  So, as N is increased, the 
term Z1  x[} decreases and thus the probability Pdis increases.  The reason for this 
behavior is due to the fact that N is the number of attempted jumps atoms in the 
dislocation plane make to the grain boundary during an average time I b tween 
absorption of dislocations.  Hence, as the time I increases, N increases and thus the 
probability Pdis of dislocation absorption increases. In other words, this is a question of 
whether the absorption of dislocations by grain boundaries is fast enough to be relevant at 
the strain rates the material is subjected to.   
Assuming that the strain in the material is accommodated by the motion of 
dislocations, it is possible to determine the average time I that an individual dislocation 
has to traverse the entire grain in order to match the applied strain rate. The strain 
associated with the motion of one single dislocation is given by the Burgers vector times 
the Schmid factor over the grain size.  Hence, the N factor can be rewritten as 
 
  I!__   !__  !                                                                               (4.5) 
 
where the symbols have the same meaning as before. As a result, equation 4.4 shows that 
the probability of dislocation absorption by grain boundaries is strongly dependent on the 
grain size d and the strain rate. As the absorption of dislocations by grain boundaries 
will obviously interfere with grain-boundary strengthening, equation 4.4 predicts that the 
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greater the grain-boundary absorption that can occur, the more deviation from the Hall–
Petch behavior (Eq. 2.1) should be expected.   
It is now possible to substitute equations 4.2, 4.3 and 4.4 into equation 4.1 to 
define Pdis, as 
 
y  1  ,1  m -
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                                                                   (4.6) 
 
At this point, the task of establishing a correlation between the probability of 
dislocations being absorbed by grain boundaries and the classical Hall–Petch equation 
remains.  To start, consider that the leading dislocation in a pile-u  of n dislocations 
experiences a force due to (i) the resolved shear stress, τ, (ii) the other (n-1) dislocations 
and (iii) a backward force due to the internal stress τ0 produced by the grain boundary. 
According to the classical formulation of the Hall–Petch equation, the internal stress τ0 is 
considered from the point of view of a rigid grain boundary, where dislocations pile up. 
This is the case where Pdis = 0 in equation 4.4. But, what happens when Pdis≠0?  In this 
case, the grain boundary is no longer a rigid barrier and thus the internal stress τ0 should 
be reduced to a term τ0 (1-Pdis). Assuming that the leading dislocation moves forward 
towards the grain boundary by a distance δx, the work done by the resolved shear stress 
can be described by W1 = nbτδx.  Therefore, the motion of the leading dislocation results 
in an increased interaction with the grain boundary, which can be described by W2 =b τ0 
(1-Pdis)δx. At equilibrium, W1 = W2 and, hence, the resolved shear stress acting on the 
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leading dislocation of a pile-up composed of n dislocations equals the backward force 
due to the internal stress τ0 produced by the grain boundary.  This can be expressed by 
                                         
d  d	  #d1  y                                                                                                      (4.7) 
 
where the symbols have the same meaning as before. Assuming η = dτ/µb [27, 28], 
where d is the grain size, τ is the resolved shear stress, µ is the shear modulus and b is the 
Burgers vector, equation 4.7 can be rewritten as 
 
d  d	1  y                                                                                                      (4.8) 
 
Considering the Schmid factor Cϕ = cosθcosϕ, then τ = σcosθcosϕ and τ1 = θ1cosθcosϕ, 
where σ is the applied stress, σ1 is the critical stress at the leading dislocation to activate a 
dislocation source on an adjacent grain, θ is the angle between the tensile axis and the 
normal to the slip plane and ϕ is the angle between the tensile axis and the slip direction, 
equation 4.8 assumes the form 
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which represents the yield strength of a material as a function of grain size and 
dislocation absorption by grain boundaries, when the lattice friction stress σ0 = 0. In the 
presence of a lattice friction stress, the modified Hall–Petch relation can be expressed as 
 
     /1  y 0
	
                                                                                              (4.11) 
 
This equation describes the yield stress of a material as a function of grain size, 
taking into account the probability of grain-boundary absorption. Equation 4.11 reverts to 
the classical Hall–Petch equation when the boundary is rigid and Pdis = 0. The essential 
effect of grain-boundary dislocation absorption is to reduce the number of disl cations, n, 
in the pile-up, which decreases the stress at the leading dislocation.  If all moving 
dislocations are absorbed by the existing grain boundaries (Pdis = 1), then equation 4.11 is 
reduced to σy = σ0, i.e., grain boundaries do not play any role in strengthening the 
material. In addition, as the term Pdis is negative in equation 4.11, reducing the Hall–







Equation 4.11 can be evaluated for any material at a given temperature and strain 
rate. For illustration purposes, the case of Ni deformed at room temperature under a strain 
rate of 10-5 s-1 is considered. To determine Pdis, the resolved shear stress, τ, acting on the 
dislocations was assumed to be τ ≈ τ0Cϕ and τ0 = 21.8 MPa [112]. For the Schmid factor 
Cϕ, it is assumed that (i) a random orientation of grains with respect to the applied stress 
axis and (ii) a maximum stress direction on the slip plane. For an FCC material, the 
maximum angle possible between {111} slip planes is 109.48°, thus giving the average 
value 
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ii  0.33                                                                                  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In addition, the following values were considered, namely b = a/2[110] = 0.258 
nm, where a = 0.365 nm is the lattice parameter for Ni, ν= 1013 Hz and ρ = 6.54 
atoms/nm for the linear atomic density of the dislocation line in Ni. Finally, ∆G in Eq. 
4.3 was assumed to be the activation energy for grain-boundary self-diffusion. This is a 
reasonable assumption as the absorption of atoms from the dislocation core i to a grain 
boundary is what is considered. For FCC metals, ∆G has been reported to vary within the 
range 0.6–1.5 eV [113] and thus a variety of activation energies were considered. One 
other reason to consider a variation in the activation energies is that grain boundaries with 
specific crystallographic structures will exhibit distinct abilities to absorb dislocations. 
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Finally, assuming k = 0.158 MPa m1/2 for the case of Ni [114], the yield stress σy in Eq. 
4.9 can be plotted as a function of grain size for various activation energies (Fig. 4.4). 
As shown in Fig. 4.4, for specific activation energies, there is a sharp transition at 
a critical grain size at which the slope of the yield stress vs. d-1/2 curve inverts. The 
critical yield stress (CYS) at which the transition occurs represents the onset of the 
inverse Hall–Petch behavior. At the highest activation energy examined (1 eV); the 
inverse Hall–Petch behavior is not expected for Ni, even at unrealistical y small grain 
sizes. On the other hand, for sufficiently small activation energies (0.75 eV), dislocation 
absorption in Ni is expected to dominate.  It is important to note that Figure 4.4 assumes 
that the entire material is characterized by a single value of ∆G.  In a real material, a 
distribution of ∆G values is expected.  This would cause the transition to IHPE behavior 
to be less sharp.   
Equation 4.11 was also evaluated for different strain rates (Figure 4.5). Higher 
strain rates result in less deviation from the classical Hall–Petch relation, which results in 
higher CYS. Thus, higher strain rates and higher activation energies hav  a similar effect 
on the Hall–Petch behavior.  Finally, calculations of equation 4.11 for different 
temperatures (Figure 4.6), predict that the CYS will be lower for higher temperatures and 
quite sensitive to temperature changes. Thus, changes in temperature will have the 
opposite effect on the CYS to changes in activation energy and strain rate. 
These predictions are theoretically and experimentally important for several 
reasons. First, the activation energy, which is typically proportional to the melting 
temperature, is expected to be different for distinct materials. In fact, calculations of Eq. 
4.11 for Al, Cu and Ni reveal that a deviation from the Hall–Petch equation occurs earlier 
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(coarser grain sizes) for Al, followed by Cu and Ni. Moreover, since the activation 
energy is correlated with grain-boundary structure, knowledge of the grain-boundary 
distribution becomes important to full understanding of the Hall–Petch behavior. Table 
4.1 lists several different FCC metals, their melting points, their activation energies of 
grain boundary self diffusion, and whether the model predicts the IHPE for them at room 
temperature.  The IHPE is predicted for all the FCC materials considered besides Ni. 
The model’s second prediction is that the CYS depends significantly o  strain 
rate, which confirms previous research [114-119]. This result is not surprising. As the 
strain rate is increased, more dislocations impinge on the grain boundaries per unit time. 
Therefore, less time is available for dislocations to be absorbed, leading to higher CYS at 
faster strain rates. 
The third important prediction is that the CYS is very sensitive to temperature 
changes. As the temperature is increased, the probability for dislocation absorption 
increases, leading to stronger deviations from the Hall–Petch relation. Although work on 
the effect of temperature on the yield strength of nanocrystalline materials is sparse [114, 
116], the model suggests that experiments of this nature could help us underta  the 
mechanisms of deformation in nanocrystalline materials. 
In order to properly to consider and confirm the results of the model, it is 
important to evaluate how the model fits the experimental data av ilable in the literature. 
In doing so, a few issues arise. First, as tensile tests in nanocrystalline materials are 
difficult to perform, strain rates are frequently not recorded. This is problematic, as the 
strain rate is a very important parameter in the model describ d herein, while fitting the 
experimental data becomes very difficult if it is unknown.  
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Second, the model assumes discrete values for the activation energy (grain-
boundary self-diffusion) and for the grain size of the material. Yet, in real polycrystalline 
materials, a spread in activation energies (dictated by a distribution in grain-boundary 
structures) and a spread in available grain sizes is expectd. Quantifying the effects of 
this spreading effect is not trivial and should be examined in future work.  
Third, the published data lack agreement due to the wide variety of experimental 
conditions employed, namely the use of different nanocrystalline materials, distinct 
methods of preparation (electrodeposited, severely deformed, powder compacted) and the 
use of either tensile tests under various strain rates and/or hardness tests. 
An example of the variation in the Hall–Petch results for Ni using both tensile and 
hardness data is shown in Fig. 4.7. Although several studies claim evidence that either 
supports the classical [48,49, 54] or the inverse Hall–Petch behavior [29, 51 52, 69], 
when the data for nanocrystalline Ni are viewed as a whole it becom s unclear whether it 
exhibits the IHPE. 
According to our model, a lack of inverse Hall–Petch behavior in Ni would not be 
surprising. In fact, due to the high melting temperature of Ni and consequent high 
activation energy, we could expect it effectively to halt grain-boundary absorption of 
dislocations at reasonable strain rates. However, as mentioned above, polycrystalline 
materials exhibit a distribution of grain sizes and grain boundary structures, which may 
lead to some form of deviation from the classical Hall–Petch relationship. 
The model also suggests that the variation of results, such as those in Fig. 4.7, 
may differ due to differences in experimental conditions. If the strain rates used in the 
experiments differed significantly, or different methods for producing nanocrystalline 
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materials lead to dissimilar grain-boundary distributions and grain size distributions, this 
in turn could result in distinct abilities for absorbing dislocations. 
In the context of this discussion, it is valuable to consider the expected behavior 
of nanocrystalline copper, which has been widely investigated in the open literature [29-
35, 38, 39, 41,44, 47, 99], According to the model outlined above, copper would be more 
likely to exhibit an inverse Hall–Petch effect and/or exhibit a lower CYS than nickel. 
This is because the activation energy for dislocation absorption by grain boundaries for 
copper is lower than that of nickel.  However, upon examination of the exp rimental 
results obtained for nanocrystalline copper (Fig. 4.8); the results reported are even more 
difficult to interpret than the results for nickel. As shown in Fig. 4.8, the two sets of data 
reported by Sanders et al. [8] appear to support the IHPE for a critical grain size of ~16
nm. On the other hand, the remainder of the data combined is highly inconclusive. 
There are several possible explanations for this. It is possible that the samples 
indicating an IHPE were flawed in some way, for instance incomplete densification or the 
presence of an additional amorphous phase. It is also possible that, due to ifferences in 
the microstructure, some of the materials exhibited IHPE behavior while others did not.  
The theory presented above can rationalize this anomaly if the samples can be shown as 
having grain boundaries with substantially different activation energies of abs rption. 
Overall, the data obtained from individual research groups and shown in Fig. 4.8 
seem to support the IHPE.  However, when the data from single research groups are 











Figure 4.1:  A schematic diagram of a single edge dislocation appro ching a grain 






Figure 4.2:  A schematic diagram of the uncorrelated atomic jumps of dislocation atoms 










Figure 4.3: A schematic diagram of the geometry considered for the IHPE model.  Notice 
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Figure 4.4:  A plot of Yield stress vs. d-1/2 for Ni, using various activation energies for an 
atom jumping into the grain boundary.  For Nickel, the real value for this activation 














































Figure 4.5:  Yield stress vs. strain rate for materials with d fferent nanocrystalline grain 
sizes.  The increase in yield stress is due to the re-activation of the normal Hall-Petch 




































Figure 4.6: Yield stress versus temperature for several different grain sizes.  The rapid 











Figure 4.7:  A plot of the reported yield strength vs grain size for Ni.  The data points are 











Figure 4.8:  A plot of the reported yield strength vs grain size for Cu.  The data points are 





Table 4.1:  Melting temperature, activation energy for self diffusion and prediction of IHPE 
behavior for several metals at room temperature
174 
 




















This dissertation studied the deformation in defect behavior of 0-D to 3-D 
nanomaterials using theoretical modeling and in-situ TEM nanocompression 
experiments.  From this work, the following conclusions can be made. 
 
1. In 0-D and 1-D nanomaterials, dislocations can exist, but they are unstable.  
The theoretical model developed in this dissertation show that a dislocation 
may nucleate heterogeneously at the nanoparticle’s surface under reasonable 
applied stresses. However, upon dislocation nucleation, the presence of the 
nearby surfaces subject the dislocation to spontaneous stresses, which tend to 
eject the dislocation toward the free surfaces.  This mechanism was observed 
in all the various nanocompression experiments performed in this dissertation.   
 
2. Twins are observed in nanoparticles even when the material has a igh SFE 
because Shockley partial dislocations are energetically more stable at the 
nanoscale.  This is confirmed by the Gibbs free energies for nucleation of 
perfect or partial dislocations in Cu and Al nanomaterials.  In particular, the 
Gibbs free energy of formation for partial dislocations rapidly decreases as the 
size of the nanoparticle is reduced, especially in high SFE materials, such as 
Al.  This indicates a strong size effect on the stabilization of twins. 
 
3. The inverse Hall-Petch effect is caused by a high probability for dislocation 
absorption by the grain boundaries, as crystal size is reduced.  This is 
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supported by the theoretical model developed in this dissertation and a further
comparison of the model with the experimental data from literature.  The 
dislocation absorption model predicts also strong strain rate and temperature 






5.2 FUTURE WORK 
 
Considering the results of this dissertation, the following experiments would 
further increase the understanding of deformation and defects of nanomaterials: 1) 
development of a computational model to assess the formation bend contours i  He tzian 
contact, 2) In-situ TEM nanoindentation experiment on 1-D nanomaterials, 3) further 
simplification of the IHPE model presented Chapter 3, and 4) IHPE testing as a function 
of strain rate and temperature.  
Regarding the formation of bend contours in nanocompression, a computational 
finite element model evaluating the rotations of the lattice planes during Hertzian contact 
should be made.  It is possible that these rotations could cause bend contours, but the 
problem is extremely difficult to solve analytically.  An understanding of how much 
stress and stain would be required to activate this contrast mechanism would be very 
useful.     
It is also critical to understand the link between deformation in 0-D and 1-D 
nanomaterials. Specifically, 1-D nanomaterials with diameters b low 100nm must be 
tested by in-situ TEM.  This is a very difficult experiment because of a multitude of 
specimen-probe alignment issues, and sample fabrication issues. This proposed 
experiment could show the origins of dislocations in 1-D nanomaterials and help us 
understand when Frank-Read sources cease operating.  
In addition, a simplification of the equation for Pdis would be an excellent area for 
future work.  It is possible to use algebraic substitution to simplify the equation for Pdis by 
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replacing binomial distributions with Poison distributions, along with some other 
algebraic manipulations.  This could make the formulas for the yield stress easier to use, 
and therefore more useful. 
Additionally, experimental work could be done to analyze the IHPE as a function 
of strain rate and temperature.  Very little work has been done in this area, and 
understanding how the IHPE behavior is affected by changes in temperature and strain 
rate is absolutely vital to obtaining a deeper understanding of the mechanisms that cause 
the IHPE.  Even nanoindentation tests on nanocrystalline materials at different 
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